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Abstract

Auto-kirigami describes a novel self-assembly process in graphene involving
thermodynamically driven tearing, substrate peeling and sliding of graphene, all
occurring spontaneously in ambient conditions. Following rupture of mechanically
exfoliated graphene sheets by small amplitude sheared nanoindentation, this process
results in formation of folded graphene auto-kirigami ribbons with micrometre scale
lengths. This growth is enabled by the low sliding friction of structural superlubricity

between graphene ribbons and their host graphene sheets in incommensurate contact.

In this work, auto-kirigami ribbons are studied and characterised by atomic force
microscopy (AFM), particularly using the high resolution PeakForce Quantitative
Nanomechanical Mapping Mode. Using this mode, ordered stripe hydrocarbon
adsorbates of atmospheric origin are observed ubiquitously on graphene surfaces,
which strongly modify the friction of these surfaces. Time resolved formation and
dynamics of stripe friction domains are studied. Crucially, we further demonstrate that
these adsorbates are also present in the graphene-graphene interface of ribbons, in
buried graphene-graphene interfaces within graphitic flakes and at graphene-substrate
interfaces, with significant implications for the cleanliness of van der Waals structures.
Despite this, we show that superlubricity can persist in stripe-contaminated ribbon

interfaces.

Rupture of graphene sheets as a necessary precursor to auto-kirigami is studied by small
amplitude sheared indentation nucleation using a 2D indentation contact system, with
the contributing effects of graphene layer number, shear oscillation frequency and

strain rate on rupture depth examined.

We also develop a novel method of nucleating auto-kirigami ribbons which can be
performed using only a standard AFM. This facile, high yield method does not require
an applied small amplitude shearing oscillation, which massively extends the

applicability of auto-kirigami nucleation and growth.



Successful auto-kirigami is also demonstrated on graphene produced by chemical
vapour deposition using both nucleation methods, facilitating large scale application of
auto-kirigami without the area and yield limitations of micromechanical exfoliation of
graphene. While auto-kirigami is inhibited by the presence of residual PMMA
contaminants on CVD materials, we review and perform thermal annealing, catalytic

cleaning, and mechanical micro-cleaning by AFM on these contaminants.

Finally, towards developing auto-kirigami ribbons as nanoelectromechanical devices,
we induce reversible growth of ribbons by mechanical manipulation with an AFM and

explore methods towards electrical control of graphene auto-kirigami ribbons.
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Chapter 1: Introduction

1.1 Introduction and outline

In this chapter, we will introduce a number of foundational topics to this work: firstly,
we will discuss the two-dimensional material upon which a majority of this research is
performed, graphene, its frictional properties which are central to auto-kirigami, and
methods to produce graphene, primarily mechanical exfoliation and chemical vapour

deposition (CVD).

We will then review the main experimental techniques applied in this work, namely
atomic force microscopy (AFM) and nanoindentation. On AFM, we will discuss the
fundamentals of this technique and further operational details on the primary AFM
modes used, contact mode and PeakForce Quantitative Nanomechanical Mapping
(PFQNM). In nanoindentation, we will review both one- and two-dimensional
indentation and specifically how the latter has been used to produce graphene auto-
kirigami ribbons through small amplitude sheared indentation nucleation. A fracture
mechanics model describing the growth of auto-kirigami ribbons, self-assembled
structures incorporating thermodynamically self-driven tearing, sliding and folding of

graphene, is also presented.

1.2 Graphene

Graphene is a carbon allotrope consisting of a monolayer of carbon atoms arranged in
a hexagonal lattice with 120° C-C-C bond angles as in Fig. 1.1 (a). Each atom is bonded
to its 3 nearest (in plane) neighbours with bond lengths of 0.142 nm through o-bonding
of sp2-hybridised orbitals and one delocalised it orbital perpendicular to the plane as in

(c) and (d).



Layers are stacked with an interplanar spacing of 0.335 nm to form the graphite
allotrope. Bernal stacking, or AB stacking, as depicted in (b) refers to bilayer graphene
where half of the atoms in one layer are positioned over an atom of the other layer,
while the other half are located over the center of the hexagon of the opposite layer.
Graphene stacked out of registry as in (e) has also been studied extensively with regards
to superconducting “magic angle” twisted bilayer graphene for example?, as well as

being of interest for its frictional properties (see section 1.2.1).

Fig. 1.1: Overview of graphene lattice structure, stacking and orbitals. (a) Hexagonal
honeycomb lattice of graphene, with bonds indicated by black lines and atoms by gold circles.
Though terminology and usage may vary, “graphene”, per ISO standards, is taken to mean
strictly monolayer, while bilayer graphene (BLG), as in (b) is used for two layers, here in Bernal
(AB) stacking whereby half of the carbon atoms in each layer are positioned above/below the
centre of the hexagons defined by the neighbouring layers. The carbon 2s and 2px and 2p,
orbitals (c) form graphene’s hybrid sp? orbitals in plane (d), with one remaining electron per
atom in the p, m orbital oriented out-of-plane. (e) A twist angle (a) may be present between
graphene layers giving rise to twisted bilayer graphene in this case. (c) and (d) reproduced from
Wikimedia Commons.



It had previously been thought that graphene, or indeed any 2D crystal, could not exist
at any finite temperature due to thermal fluctuations®3 unless of very limited size or
containing many crystal defects, supported by experimental observations whereby
sufficiently thin layers would decompose or segregate unless stabilised by being grown
on a bulk crystal with a matching lattice or embedded in a 3D matrix*>. However, nearly
perfect rather than perfect 2D films could exist, as demonstrated by Meyer et al. for
example®. Intrinsic microscale roughening could allow single layer graphene to exist
suspended even without a substrate, where rather than being perfectly flat, the sheet
may exhibit out-of-plane deformations of up to 1 nm on suspended graphene, three
times the interplanar distance. These corrugations arising from bending of the sheet out
of plane give rise to reproducible roughness, increasing elastic energy but supressing
thermal vibrations with the net effect of minimising free energy. This “crumpling”
allows for the known thermodynamic stability and is most pronounced in thinner
samples. Atomistic Monte Carlo simulations also indicate that ripples can
spontaneously appear as a result of thermal fluctuations with a typical size of 80 A. Such
ripples are expected to be subdued where the graphene is on a substrate rather than

suspended due to strong conformation of the sheet to the substrate.

Experimentally, graphene was first isolated by Novoselov and Geim in 2004’ by
micromechanical cleavage of bulk graphite (also referred to as the Scotch tape method,
described in full in section 1.3.1). This material has remained a focus of research since
then® due to a number of its characteristics: both monolayer and bilayer graphene are
zero-gap semiconductors/zero-overlap semimetals, and high crystallinity allows its high
mobility charge carriers (massless Dirac fermions) to travel with little scattering®.
Similarly, graphene has numerous superlative properties, such as its ultimate tensile
strength, Young’s modulus®?, high in-plane thermal conductivity!?, and low friction

coefficient!? for example.



Graphene features two main crystallographic directions: armchair and zigzag as
indicated in Fig. 1.2 (b). Neubeck et al. reported that the edges of graphene flakes
produced by mechanical exfoliation typically follow one of these two orientations?3,
such that edges of mechanically exfoliated graphene flakes are typically arranged at (n
x 30°) intervals as depicted in Fig. 1.2 (a) (for natural number n). Arrangement of edge

atoms has a strong influence on structural, mechanical and electronic properties of

graphene!4,

( b ) Armchair edge

Zigzag edge

Fig. 1.2: Armchair and zigzag edges of a mechanically exfoliated graphene flake. (a)
Terminating edges of the graphene flake (highlighted by white and black dashes) are often
straight lines which are observed to vary by 30° intervals over micrometre lengths. (b) Sketch of
graphene honeycomb lattice (black) with armchair and zigzag edges indicated by green and red
dashed lines respectively. Further armchair and zigzag directions are present at 60° intervals
from the previous armchair/zigzag respectively. (a) reproduced from 13.

1.2.1 Superlubricity

Friction, the force resisting relative motion of bodies/layers, has been studied since
antiquity, including by Leonardo da Vinci from 1493 for example®®. In the classical case,
the force of sliding (kinetic) friction Fiction can be simply described by Amonton’s Law,
or Frriction = M * Frormai, With dimensionless coefficient of friction pu and normal
force Fnormai, With Fricion being independent of apparent contact area and sliding speed.
This is broadly true for macroscopic bodies, where the real contact area is actually much

smaller than the apparent contact area as the surfaces interact between asperities on

4



each surface rather than the entire surfaces?®, but this relationship breaks down in the
microscale and smaller. Atomic scale stick-slip friction can be well described by the
Prandtl-Tomlinson model'”*8, which considers frictional sliding in 1D as a point-like tip
coupled to a mass M with a spring constant k, interacting with a periodic surface
potential V(x:) and moving with velocity vm,, described by

av (x.)
Jdx;

my X, = Cx(xM - xt) - = Vx Xt (1)

for effective mass my, equilibrium position of the tip at time t x», and damping constant
Vx. The friction force Fiiciion is then the averaged lateral force (E,) where Fx = ¢cx (xm— Xt).
Frenkel and Kontorova’s later model instead considering chains of elastically coupled

atoms subject to a periodic potential can also be applied?®.

Structural superlubricity, as proposed by Hirano and Shinjo?® in 1990, is a phenomenon
whereby friction between sliding bodies becomes negligibly small and minimal wear
occurs. Per the conventional Coulomb definition of dry friction, we can define this as
requiring a friction coefficient u of less than 0.01. As proposed, this however
necessitated very stringent requirements of the interface, such as to be composed of
atomically flat, molecularly clean, weakly interacting and structurally incommensurate

surfaces?®. This would then result in a sub-linear relation of friction with contact area??.

400 — T
This was experimentally 350 - I
demonstrated in graphite by 228_ % ]
Dienwiebel et al. in 200423, By % 200 [ A
= L
measuring the lateral forces £ 150
) L 100 F
between a graphite substrate 50l
and a graphite flake attached to a of .
-20 0

tungsten tip with varying sample
Rotation angle @ [degrees]

rotation, ultra-low friction was Fig. 1.3: Friction of commensurate and

measured for the majority of the incommensurate graphite contacts. Average
friction as a function of rotation angle between
HOPG substrate and graphite flake. Reproduced
sharp, narrow peaks of friction from 23.

100° angular range studied, with



observed at 60° intervals, corresponding to the 60° symmetry of the graphite lattice per
Fig. 1.3. These friction peaks are attributed to where the substrate and flake graphite
are in commensurate contact. While this and other early experimental validations of
structural superlubricity required UHV conditions?*, it has also been demonstrated in

limited instances in ambient conditions as well2>=27.21,

The definition of superlubricity as requiring a friction coefficient u of less than 0.01 per
Coulomb friction cannot always readily be applied, however. This is the case where a
normal force cannot easily be defined for example. We can instead describe a shear
stress (per unit area friction) between the sliding bodies?®. From Liu et al.’s research in
microscale superlubricity in between graphite surfaces, superlubricity then corresponds

to shear stress up to 10s of kPa?°.

Graphite is widely applied as a lubricant, and graphene also acts as a lubricant, with low
friction observed on graphene on silicon substrates for example. Lee et al. reported a
monotonic decrease in friction with increasing number of graphene layers on silicon
substrates from 1 to 5 layers by AFM (a decrease of 50-60%), with no further change for
5+ layers®°, as indicated in Fig. 1.4. Similar results were observed for graphene freely
suspended over a well?°, This was attributed to deformation of the graphene due to
AFM tip motion, whereby the sheet experiences an out-of-plane deformation
(puckering) in front of the tip (in the direction in which the tip travels), arising from the

tip-graphene adhesion and high out-of-plane flexibility of graphene3!.

This puckering increases contact area between the tip and sheet and therefore

7

Normalized friction

AN AN

3 4
umber of layers

zZn

Fig. 1.4: Layer number dependence of graphene friction. (a) AFM topography image with
neighbouring areas of 1-4 layers thickness (indicated as 1L-4L). (b) Simultaneous friction force
imaging of same areas as (a), with highest friction in 1-layer graphene and monotonically
decreasing friction up to 4-layers. This trend is reproduced across different samples (c), with
friction of 5-layers graphene indistinguishable from friction on bulk. Reproduced from 30.



increases friction. With more layers, the bending stiffness of the graphene increases,
with bending stiffness proportional to the cube of the layer number (assuming no
interlayer sliding3?), corresponding to decreased susceptibility of thicker sheets to out-
of-plane deformation33. Puckering is therefore suppressed for thicker sheets, hence the
friction decreases with layer number. This trend was not observed for graphene on mica
substrates however, on which the friction of graphene and bulk graphite is
indistinguishable. This is attributed to the much stronger adhesion of mica to graphene,

reducing any rippling of the sheet that could experience puckering.

Later atomistic simulations by Li et al. demonstrate that this layer dependence of
friction on few-layer graphene sheets arises not only from evolution of the quantity of
tip-sheet contact (i.e. contact area increasing with enhanced puckering) but also from
the quality of this contact (i.e. stronger local pinning by individual atoms and an increase

in the number of such atoms)3*.

1.3 Graphene synthesis

A number of techniques exist for production of graphene including chemical methods
such as liquid phase exfoliation (LPE)3°, electrochemical methods3®, epitaxial growth3’,
mechanical exfoliation’ and chemical vapour deposition (CVD)3® for example. The
methods of mechanical exfoliation and CVD will be the focus of this work. Mechanical
exfoliation provides the highest quality of few layer graphene, albeit in limited size
scales and with low yield. This method is therefore appropriate for laboratory scale
exploratory research only. In contrast, CVD allows for large scale, high yield growth of
graphene suitable for scaling to applications but is of lower mechanical quality, with
residual PMMA contamination, tears, wrinkles and other defects ubiquitous. In LPE,
bulk graphite is ultrasonicated to overcome interlayer attraction in a solvent with
surface tension similar to graphene surface energy to stabilise the resulting sheets.
However, these sheets can show a dispersion in layer number even after centrifuging
and individual flakes are typically no larger than 3 um, which prevents their use in this

work3?. In electrochemical exfoliation, an applied voltage causes ionic species from an



electrolyte to intercalate into a graphite electrode, increasing the interlayer separation
and exfoliating the electrode graphite3, though this method similarly results in
graphene flakes of lower lateral sizes and typically of at least few nanometre
thicknesses®®. An example of epitaxial growth is thermal decomposition of silicon
carbide at high temperature and low pressure over larger areas (up to cm scale) at high

purity but with small grains of varying thicknesses and at very small scale®'.

1.3.1 Mechanical exfoliation

Micromechanical exfoliation, or the Scotch tape method, was the first technique

Fig. 1.5: Overview of graphene mechanical exfoliation. (a) Natural graphite (graphenium) flakes
(NGS Naturgraphit) up to 1 cm lateral dimensions were exfoliated by the Scotch tape method
(b), using 3M Magic tape. Representative few layer graphene flakes (bilayer in (c) and trilayer in
(d)) using Kish graphite and no chemical or plasma pre-cleaning in (c) and with graphenium
flakes, chemical and plasma pre-cleaning of substrate in (d), resulting in areas up to 60 times
larger.



designed to produce single layer graphene. Few layer flakes typically range from only
tens to =100 um in size laterally, making detection of exfoliated flakes by optical
microscopy difficult as the optical absorbance of graphene per layer is only 2.3 + 0.1%
with negligible reflectance*?. However, selecting 300 nm SiO,/Si as the substrate (or less
commonly 100 nm SiO/Si) provides much greater optical contrast due to interference,
allowing the exfoliated flake to be readily identified by optical microscopy*?, albeit with

uncertainty in determining the number of layers by this method alone.

The method used here follows that of Huang et al.**, which represents a refined albeit
gualitatively similar method to that originally used by Novoselov et al. The target SiO»
substrate is ultrasonically cleaned sequentially in acetone, isopropanol and DI water,
followed by drying by compressed air and heating to 110 °C for several minutes. The
substrate is then cleaned by oxygen plasma to remove any remaining organic
adsorbates. Graphenium flakes produced from flake graphite ore deposits (NGS
Naturgraphit) (Fig. 1.5 (a)) with lateral dimensions of up to 10 mm are brought into
contact with the synthetic acrylic tape (3M Scotch Magic Invisible tape) as indicated in
Fig. 1.5 (b). The tape/graphenium is pressed against another piece of tape typically 3-5
times, with the final tape/thinned graphenium pressed onto the cleaned substrate
immediately after plasma cleaning. The substrate/flake/tape is then heated at =110 °C
on a standard laboratory hotplate for 2-5 minutes before cooling to room temperature
and peeling the tape from the substrate to transfer few-layer graphene to the substrate,
asin Fig. 1.5 (c) and (d). While intuition might suggest that the tape should be separated
a greater number of times (assuming each separation halves the number of layers from
the approximately 3x10°in a 1 mm thick bulk graphenium flake, then 21-22 exfoliations
would be required to reduce the bulk flake to single layer), the adhesion between the
tape and graphenium is typically greater than the adhesion between graphene layers
and substrate. Few layer graphene flakes seen transferred to substrates by this method
are the outermost layers exfoliated from the comparatively thick crystals remaining on
the tape rather than directly from the tape itself. Increasing the number of separations
then may only reduce the thickness of the areas exfoliated (with thicknesses greater
than 50 nm) and cause the flakes to split, resulting in smaller sizes of exfoliated flakes.

The annealing of the substrate/graphite/tape is proposed as the key step in increasing



yield of total area of exfoliation by 20-60 fold: heating increases the pressure of gases
trapped in the graphite/SiO; interface which can then escape through the exfoliated
flake edges (as graphene is impermeable to all gases*), which then increases the
strength of the van der Waals forces between flake and substrate, therefore preventing

gases from entering during and after cooling.

In this work, it was found that flakes with dimensions approaching or greater than 100
um typically also featured a number of fractures or tears within the flake as in Fig. 1.5
(d), limiting the useful size. This was attributed to non-uniform strain in the exfoliated
flakes exacerbated by increased pressure during the annealing step resulting in rupture

of the flake.

1.3.2 Chemical Vapour Deposition

Chemical vapour deposition (CVD) is a vacuum deposition technique that allows for
growth of graphene films on centimetre size scales*®. While various combinations of
temperature, pressure, substrate etc may be used, for illustrative purposes the method
of Ruoff et al. will be described here?®®. Polycrystalline copper foils which act as the
substrate are annealed in a hot wall furnace at high temperatures (typically =1,000 °C)
in a low-pressure hydrogen atmosphere. A hydrogen/methane mixture is introduced
into the system and the methane, catalysed by the copper foil, decomposes into carbon
radicals and forms graphene on the copper foil substrate. The graphene film is over 95%
monolayer as the graphene growth surface reaction is self-limiting, since the catalytic
copper becomes covered in graphene and is no longer exposed, with the remainder
primarily bilayer or few-layer. The graphene-coated face of the substrate is coated with
a thin layer of a polymer such as poly-methyl methacrylate (PMMA) and baked to
remove the solvent. The copper can then be dissolved in an iron nitrate solution leaving
only the PMMA-graphene film which is later cleaned by DI water. This can then be
transferred onto an appropriate substrate such as SiO, with relatively little damage to

the film and the now top-facing PMMA layer is removed by acetone.

While large areas are readily available with this method, the continuous CVD graphene
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films formed are polycrystalline with small grain sizes (often only a few microns) and
this polycrystallinity can reduce mechanical strength by an order of magnitude for
example?’. It is also challenging to ensure that CVD films are free from contamination,
especially of the polymer used in the transfer process*®, with a broad range of cleaning
methods presented to attempt to remove this contamination spanning thermal

annealing, plasma, mechanical and light-based methods®.

1.4 Atomic Force Microscopy

Atomic Force Microscopy (AFM) was developed by Binnig, Quate and Gerber in the

1980s>°. Capable of angstrom vertical resolution and nanometer lateral resolution even

Photodetector

Cantilever
Feedback — Tip
loop
Sample
Z
Y
X

Fig. 1.6: Sketch of AFM schematic in operation. The cantilever is brought into contact with the
sample surface with a force setpoint and is deflected by the surface topography. The laser is
reflected from the backside of the cantilever to the mirror and hence to the position sensitive
four-quadrant photodetector, where variation of the laser position is monitored by the feedback
loop and used to control the piezoelectric tube scanner to maintain the force setpoint through
z position and to move the sample relative to the tip (x and y positions).
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in ambient conditions (and even atomic resolution under more specialised conditions),
the capacities and functioning of the AFM have evolved significantly from its original
conception as a combination of the pre-existing scanning tunnelling microscope (STM)
and stylus profilometer into a broad class of scanning probe microscope. AFM can be
used on samples ranging from delicate bacteria or biological cells>! to even the hardest
of materials, in ambient, vacuum and fluid conditions, on conducting and non-
conducting samples. Qualitatively similar to the STM, the AFM images by means of a
sharp tip (with tip end radii generally ranging from 2 — 50 nm) at the end of a
micromachined cantilever probe attached to a larger chip (with standard dimensions of
3.4 mm x 1.6 mm) for handling. Tips are generally manufactured from silicon or silicon
nitride, with specialised designs such as doped diamond available for electric
applications for example. In the optical deflection/ “beam bounce” technique depicted
in Fig. 1.6, a laser is shone incident on/near the free end of the cantilever. A reflective
metal coating such as aluminium is typically present on the cantilever to ensure
maximum reflectivity of this laser signal and to minimise interference from any laser
signal reflecting from the sample rather than the cantilever. The laser is reflected from
the cantilever to a position sensitive 4-quadrant photodetector. The tip is rastered over
the sample surface at a constant force setpoint, resulting in deflection of the cantilever
by the surface topography and therefore a variation in the laser intensity across the
photodetector. A feedback loop maintains this force setpoint by monitoring the error
signal (the difference between the defined and measured imaging force for example
derived from laser intensity across the photodetector), with the controller then varying
the z position to minimise that error signal in constant force-controlled systems while
monitoring the real-time height deviation. This feedback loop must be sufficiently fast
for the piezo to respond to the sample topography but not so fast as to introduce

oscillations in the system®2. This mechanism is represented schematically in Fig. 1.6.

In contact AFM (C-AFM) imaging, the tip is brought sufficiently close to the sample that
repulsive van der Waals forces arising from the electron clouds of tip and sample atoms
repelling one another dominate the interactions. Other interactions include an
attractive capillary force where a contaminant layer is present on the sample and that

the cantilever itself will exert a shear force on the sample. The tip is then held in
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continuous contact and “dragged” over the sample both forward and backwards in
every scan line (with forward and backward described as the trace and retrace

directions).

While constant force and constant height setpoints are available for feedback control
in C-AFM, constant height where the z position is not varied is much less common due
to the risk of damage if the tip encounters steps on the surface during imaging. During
C-AFM scanning in the much more widely used constant force mode, the cantilever
deflection is the feedback parameter. This is monitored through the photodetector
signal, with the tip height adjusted by the piezoelectric tube to constantly correct the
deflection to the specified value, therefore keeping both force and height at the
predefined value. This contact mode imaging enables not just capturing topographic
data but also frictional data (described alternatively in the literature as lateral force
microscopy or friction force microscopy (FFM), the latter of which will be used
throughout here). The fast scan axis is set up perpendicular to the main axis of the
cantilever such that the cantilever experiences torsion and twists. The magnitude of this
twisting is directly proportional to the friction between tip and sample during scanning,
which is recorded as a difference in laser signal between left and right quadrants of the
photodetector. This provides a qualitative measurement of friction, while calibration of
the torsional spring constant can allow quantitative friction measurements3. As the
twisting of the cantilever and hence friction signal is also affected by topography of the
sample surface in equal but opposite degrees, the friction is recorded in both trace and

retrace directions, and then averaged as ((trace-retrace)/2).

While C-AFM represents a robust and fast method of imaging, while also allowing up to
atomic resolution in the correct conditions, the requirement for constant contact
between tip and sample can result in contamination, wear and damage to both. These
problems are overcome in tapping mode AFM imaging (T-AFM). The cantilever is instead
oscillated by the piezoelectric actuator at or near the resonant frequency of the
cantilever. In free air, this results in oscillations with amplitudes of =20-100 nm. The tip
is then brought close to the sample surface such that it contacts the surface only during
the lowest position of the oscillation. Energy loss due to the contact, while accounting

for only a small fraction of the oscillation cycle in time, results in change of the
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oscillation amplitude with decreased amplitude while scanning over higher sample
features and increased while passing over lower sample features. This change is
recorded by the system to generate a topography signal as a function of the tip’s lateral
position (i.e. the final image), as well as to generate the error signal for the actuator to
adjust tip-sample separation to maintain the pre-defined oscillation amplitude. This
results in typical applied forces between tip and sample of only few to tens of nN.
However, a number of issues persist: for example, measured changes in amplitude are
averages of multiple interactions rather than single interactions, limiting attribution of
results to specific sample properties, and cantilever dynamics are more complex at
resonance making control more demanding and resulting in greater risk of tip damage®2.

Many of these limitations are removed in a related AFM mode, PeakForce Tapping

(PFT).
Z position
G
Approach Withdraw
Force
A E
B
D

Cantilever ~
deflection \V l b \V

g
Time

Fig. 1.7: Sketch depicting the variation in z position, force, and cantilever deflection with time
over a single peak-force tapping cycle. Z position is lowered into contact (A-C) during approach
and withdrawn after the setpoint is reached (C-E). Negligible force is experienced by the
cantilever while far from the surface (A) before the tip snaps into adhesive contact (B) and the
force is further ramped to the repulsive contact due to short-range forces at the force setpoint
(C). The tip withdraws and force decreases to a minimum at D, the pull-off point before forces
again go to zero away from the surface at E.
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PFT is a proprietary AFM mode developed by Bruker in 2010°*>, with a primary
difference being that the cantilever is sinusoidally oscillated at a set frequency much
lower than the resonant frequency of the cantilever (typically in the range of 0.5 — 4
kHz) regardless of the cantilever resonant frequency, with amplitudes typically of 100-
150 nm. A force-distance curve is captured at every pixel of the image as in Fig. 1.7,
whereby initially the tip is sufficiently far enough away from the sample that forces
between tip and sample are negligible (labelled A in Fig. 1.7), with attractive vdW,
electrostatic or capillary forces increasing as this separation decreases until dF/dx
becomes greater than the cantilever spring constant and the tip snaps into contact with
the sample for less than 100 ps in each cycle (B). In contact, short-range repulsive forces
dominate until the peak force is reached (C), at which point the cantilever retracts with
the tip still held in contact by adhesive forces (D) until snapping out of contact and

withdrawing to E.

Imaging in this mode is unaffected by the Q-factor of the cantilever and removes the
requirement for cantilever tuning prior to imaging. This allows direct force control and
the capturing of the force-distance curve at every pixel of the image, from which a
number of mechanical properties can be simultaneously derived, such as modulus,
adhesion, deformation and dissipation®*>® (with this mode referred to as PeakForce
Quantitative Nanomechanical Mapping (PFQNM)) as illustrated in Fig. 1.8. This is
possible in PFQNM as instantaneous forces on the tip are measured rather than only a
time-average of force or dissipation, requiring a high bandwidth force sensor relative to
the frequency of the tip interactions. This analysis is performed for every cycle in real-
time, with the same resolution as the topography image. The Derjaguin-Muller-Toporov
(DMT) model, described in more detail in section 1.4.1, is often used to derive the
sample’s reduced elastic E.. Adhesion is calculated by the difference in the baseline
force (=0 nN) and the minimum force recorded at position D per Fig. 1.7. Deformation
is determined as the distance from the peak force position to the deformation force
level, which is the z position at 15% of the peak force to minimise error from baseline
noise. This results in deformation being a slight underestimate of the total deformation.
Dissipation shows the hysteresis between the load and unload curves, or the integrated

area between the trace and retrace curvesi.e. the energy loss per cycle. The titular peak
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force in PFQNM can be as low as 10 pN, helping to minimise damage or wear to tip and

sample, or as high as micronewtons with a sufficiently stiff cantilever.

Assuming that the damping is primarily air damping, the cantilever can be described by

a sinusoidal damped harmonic oscillator as

Fp =m"— + b— + k, (2)

with driving force Fo, (where Fo = k Ap), effective mass of the cantilever m”, lever

displacement z, damping coefficient b and spring constant k. With the natural frequency

k . . m* .
wo = /m— and relaxation time T, = = the lever’s amplitude can be expressed as

Here, we can define the quality factor, Q, of a system as the ratio of the initial energy
stored in the system divided by the energy loss per radian during each cycle, Q=w - 1

and the maximum amplitude at resonance A, =Ao- Q.

As the laser deflection signal is output in volts, the system must be calibrated to convert

g Fig. 1.8: Derivati f
Deformation g erivation o

I mechanical properties from

! PFQNM. Approach and
! withdraw indicated by blue
: and dashed red lines
i respectively. Sample modulus
i is derived from fit of yellow
: region of retract curve to DMT
\ model per eqn. (15). PFQNM
also allows derivation of peak

PeakForce

Force

force, adhesion, dissipation
per tapping cycle and sample
deformation when indenting
to force setpoint. As PFQNM is
force-defined, PeakForce
shows the user setpoint plus

Adhesion

Tip-sample separation

error signal.
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this to force, with the primary calibrations here being for the deflection sensitivity and
cantilever spring constant. The deflection sensitivity (nm/V) relates the photodetector
signal to real displacement of the cantilever, and is calibrated by ramping the cantilever
on an appropriately hard sample relative to the cantilever, with the inverse of the slope
of the linear contact region (when plotted as Volts vs displacement) yielding this value.
While a number of methods exist for determining the spring constant (N/m), the most
widely used is the Sader thermal method®8, whereby a fit of the thermal noise power

spectra of the cantilever to a simple harmonic oscillator response with white noise floor

Awhite +

w? w? (4)

with cantilever free amplitude Ay, frequency w, cantilever resonant frequency w, and

quality factor Q yields both the quality factor Q and resonant frequency w:.
For a rectangular cantilever, the spring constant is described by

k= M,p.b hLw?,, (5)

for normalised effective cantilever mass Me, cantilever density p., cantilever thickness,
width and length h, b and L respectively and fundamental radial resonant frequency in
vacuum wyec. Application of this equation proves highly challenging however: cantilever
density proves difficult to determine due to the deposition of (typically uncharacterised
thicknesses of) thin metal films on cantilevers to promote reflectivity of the laser from
the cantilever backside; operation of AFM in air rather than vacuum can modulate the
resonant frequency from the value measured in vacuum; and cantilever thickness h
proves much more difficult to determine than the width and length which are readily

measured by optical microscopy.

However, where the quality factor Qs >>1, as it typically is for a cantilever in air, we

can relate wvec to the resonant frequency in fluid wy by
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np,.b 2
Wyge = Wf 1+ th I“r(a)f) (6)
c

with areal mass density pch defined as

np.b
ph=—L[Q,Twy) = ()] )

for fluid density ps, and real and imaginary components of the hydrodynamic function
. The analytical form of the hydrodynamic function (not provided here for simplicity)

is defined by Sader in equations 20-22 of Ref. (*°).

Substitution of eqgns. (6) and (7) into (5) yields

(8)
k, = 01906 pb? L Qr w? I/ (wy)

which then allows the spring constant k, to readily be derived. Sader et al. later
extended this method from rectangular cantilevers only to cantilevers of arbitrary

shape®,

1.4.1 Contact mechanics

Hertz theory can describe the contact between a smooth elastic sphere and a rigid flat
sample surface as represented in Fig. 1.9 (a), albeit not accounting for any surface forces
or adhesion i.e. assuming Fauq = 0 ®1. From the geometry of Fig. 1.9, assuming maximum

deformation in the contact zone (defined by a contact radius a), we observe

(R—8)2 + a® = R? (9)
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Assuming that the deformation is much smaller than the contact zone (§ < a), we can

write

d = —  or = — (10)

where % describes deformation of the elastic body. Per Johnson®?, deformation will

depend on the stress (described here by average contact pressure P) and material

stiffness £* as in

a P
T (11)
R E*
For a spherical indenter,
F = ma®*P (12)

so combining eqns. (11) and (12) yields

@ (13)
F « E* —
TE R

Using the relation in eqn. (10) and expressing in terms of deformation (readily

measured by the indenter system) rather than contact radius, we obtain

(b)

Fig. 1.9: Sketch of contact mechanics models. (a) The Hertzian model can describe contact of a
smooth, rigid sphere and a half-plane while the Sneddon model (b) can be used for large-sample
indentation with a sharper tip shape. Reproduced from 70.
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F « mE*R &3 (14)

While this simple method does not provide the constant of proportionality, it does yield
the correct relationship of force with tip radius R and deformation . A full derivation
of the Hertz contact force requiring the solution of Boussinesq’s problem® (not

addressed directly here for simplicity), yields

4
F = 3 E*+/R &3 (15)

However, this can only describe AFM contacts where the load is sufficiently high or
surface forces low®*. As the AFM tip is typically stiffer than the sample material and
sample deformation is not negligible, Sneddon analysis must also be applied as

represented in Fig. 1.9 (b)®°. This describes the force F as

1
2

1 2 E
F (n D tan(a)) é (16)

where «a is the indenter half-angle used to describe the profile of the indenter.

Combining Hertz and Sneddon deformations can describe the deformation during AFM
if surface forces are negligible; otherwise, these surface forces can be considered by
Derjaguin-Miiller-Toporov (DMT) theory and Johnson-Kendall-Roberts (JKR) theory.
DMT considers deformation of the elastic sphere as per Hertz theory, but also accounts
for forces acting between the bodies outside of the contact region. The adhesive force

Fad is given by

Fog = 2TRW (17)

with work of adhesion W. This can be applied for small tip radii in low adhesion systems

with high stiffness®®,

JKR does not consider long range forces outside of the contact area, and accounts only

for short-range forces inside the contact area. Here, the adhesive force is given by
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Foy = =TRW (18)

such that JKR is most applicable for larger tip radii and highly adhesive systems with low

stiffnesses®’.

1.5 Nanoindentation

Nanoindentation, developed in the 1970s, allows the measurement of mechanical
properties of materials in small volumes®®. A hard tip, often diamond, is brought into
contact with and penetrates a sample to a defined load, with the displacement of the
tip and associated load as the most fundamental parameters to be measured. This peak
load may be maintained to reduce creep and relaxation effects in the unload, where the

tip is brought out of contact at a defined rate.
Sneddon derived a general equation relating load and displacement of

P = ah™ (19)

For indenter load P and constants a and m, with m defined by the geometry of the

indenter®.

The load-displacement curves captured during indentation, surface deformation and
indentation impressions vary depending on the elasticity and/or plasticity of the sample
material, as shown in Fig. 1.10 (a). In elastic solids, all deformation of the sample is
recovered during unloading with no resulting impression on the sample. In rigid-
perfectly plastic solids, plastic flow occurs after the yield stress is reached with no
recovery such that the indenter impression is unchanged from the point of peak load
even after unloading. In elastic-plastic solids, the material conforms exactly to the tip
shape with elastic and plastic deformation during loading, with elastic recovery during

unloading then altering the final indent crater shape from the tip shape’®’%.
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This is illustrated in Fig. 1.10 (b).
Contact depth h. is the indenter depth
as the tip, under load, is in contact with
the sample. This is not the same as the
measured indentation depth, h, which
must also include depression of the
sample around the indent caused by
elastic displacements, hs, as per hy, =
h — h.. During unloading, elastic
deformation is recovered with a final
depth hf observed upon fully
withdrawing the tip. These depths are
also represented in a sample load-
displacement curve on an elastic-

plastic material in Fig. 1.10 (c).

In  conventional microindentation
testing, hardness H (a measure of the
material’s resistance to local plastic
deformation) can be measured by

Prax
H = 20
A (20)

where Ppmax is the maximum load and
Ac is the residual indentation contact
area. This would also require A; to be
measured by another technique such
as AFM, introducing errors for smaller

indents.

From load-displacement data (P vs h),
stiffness can be derived from the slope

of the tangent to the unloading curve

(a)

Indentation
curves

Load
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Displacement
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surface after tip
removal

Indentation ‘

impressions

Elastic contact
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Rigid, perfectly
plastic contact

Elastic-plastic
contact

(b) w

Surface profile after
load removal

Initial
surface
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Surface profile
under load

Load, P
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Fig. 1.10: Indentation load-displacement curves
and impressions in different materials. (a) Load-
displacement, sketch of sample
deformation and impression after indentation in
perfectly elastic, rigid-perfect plastic and elastic-

surface

plastic materials respectively from left to right.
(b) Schematic of initial surface profile, surface
profile during loading and after removing load.
(c) Representative load-displacement curve for
an elastic-plastic material, with maximum depth
hmax, contact depth h., projected depth h, and
final depth hy. (a) and (c) reproduced from 70, (b)
reproduced from 77.
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at the maximum load as in Fig. 1.10 (c) per the Doerner and Nix method’? introduced in
1986, such that

dP

S = T (21)

A major limitation of nanoindentation as a technique was that a single indent could
provide only a single value for hardness and Young’s modulus, although these
parameters may be depth-dependent, requiring multiple indents at discrete depths on
a single sample. This was overcome by the continuous stiffness measurement (CSM)
method developed by Oliver and Pethica in 198973, depicted in Fig. 1.11. In CSM, a small,
fast oscillation is added by applying a dynamic load in addition to the nominally
increasing load P (as in inset of (a), often with RMS oscillation amplitude of a few nm
and frequency between 50-100 Hz’4). A lock-in amplifier measures the displacement at
the excitation frequency and phase angle. This can be considered as applying many
indents to few nm depths (orange signal in Fig. 1.11) during the single “main” indent

(black signal in Fig. 1.11).7°

From this, stiffness is measured and hence Young’s modulus and hardness can be
calculated quasi-continuously during loading at any given indentation depth rather than
only a single value from the unload after peak load is attained. CSM also allows for
accurate determination of the surface location, where the excitation frequency is
selected slightly larger than the natural frequency, such that a strong phase angle

response is observed upon the tip contacting the sample’®,

The analysis of Oliver and Pharr from 1992 also revolutionised the capacity of
nanoindentation as an experimental technique’’. At the maximum applied load Pmax, a
maximum depth into the sample of hma is reached, where the permanent residual
depth after the load is removed is hy (the plastic unrecoverable depth), and (h-hy) is the

elastic recoverable depth, such that the unload curve can be described by

P = a(h— hp™ (22)
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This better describes the unload curve than the linear fit suggested by Doerner and Nix.

The contact depth h: can be obtained by
h: = hpee — hs (23)

for elastic surface displacement (or amount of sink-in) hs, which assuming negligible

pile-up is given by

Pmax (25)

From load-displacement data (P vs h), stiffness can then be derived as per

dp 2
S= g7 = B ﬁEr\/A_c (26)

where Ac is the cross-sectional contact area and B is a factor correcting for the

nonaxisymmetric shape of the probe, with the dP/dh taken from the upper portion of

(a) (b) b;
CSM mode 1
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: : k.
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Indentation Depth, h

Fig. 1.11: Schematic of continuous stiffness method (CSM) applied to indentation. (a) Rather
than evaluating properties such as Young’s modulus and hardness only from a single point at
unload, these properties can instead be measured quasi-continuously during loading per inset.
(b) Schematic of 1D damped harmonic resonator in contact with the sample used in CSM model,
with indenter damping and contact damping b; and b, indenter mass m; force from
electromagnets F, and support, contact and frame spring stiffnesses ks, k., and k. (a) reproduced
from 75.
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the unloading curve and having defined a reduced modulus, E- by

1 (1-v) (1-vd)
B - 7 + £ (27)

where E and E; are the Young’s modulus for the sample and indenter respectively, and
similarly v and v; are the Poisson’s ratio for sample and indenter respectively. Hardness

can then be determined as per eqgn. (20).

The above is valid for any axisymmetric indenter and for both elastic and elastic-plastic
contact, with the B factor introduced above ranging from 1.0226 to 1.085 for a
Berkovich tip”*. The Berkovich tip is a self-similar three-sided pyramid with 65.27° half
angle and included angle of 142.3° shown in Fig. 1.12. It is widely used in
nanoindentation as it can be readily manufactured to a sharp point, induces plasticity
at very small loads and its well-defined geometry allows for determination of cross-

sectional contact area from indentation depth h¢ per

A(hy) = Coh? + C hr+ G hY? + o hY* + ..+ Ccghl/*® (29

Cc

|
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Fig. 1.12: Sideview (a), plan view (b) and 3D isometric view (c) of Berkovich tip, with ideal semi-
angle a of 65.3° and total included angle of 142.3° indicated. Some degree of rounding at the
end of the tip is likely, diverging from the ideal contact area geometry.
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with leading coefficient Cp of 24.56, where the subsequent terms account for deviations
in the real geometry, such as rounding of the tip from grinding during manufacturing or

wear during use, with experimentally determined calibration constants C,.

Contact compliance C.can be defined by

C. = —= —— (29)
¢ dpP 2E. VA

However, elastic displacements of the system load frame must also be accounted for by

machine compliance Cm, where total compliance Ciotar is given by

VT

— 30
2E VA (30)

Ciotat = Cn + Cc = Cp +

A plot of Ciotar against A¥2 at varying depths then yields the machine compliance Cp, as
the y-intercept and contact compliance C. as the difference in measured Ciotor and
determined C.. This is also used to determine the area function coefficients from eqn.
(28) by indenting on a reference sample with well-known values for the elastic modulus
and Poisson ratio, such as aluminium, by successive fitting of the area function until

convergence of the value of Cp, is achieved’®.

1.5.1 2-Dimensional Indentation

Indentation is performed with two devices in this work: a Bruker Multimode 8 AFM and
KLA’s Gemini dual-axis nanoindenter (Nanomechanics Inc., Oak Ridge, TN). In contrast
to conventional 1D nanoindenters which represent almost all research in this field, the
Gemini features two independent indenter heads, each with an actuator (i-Micro)
mounted along the x and z axes as indicated in Fig. 1.13 (b), with schematic of a single
actuator in Fig. 1.13 (a)’°. Both vertical and lateral heads are mounted on an aluminium

frame as in (b) and are independent of one another. The vertical and lateral actuators
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can apply forces simultaneously of up to 50 mN in z and x direction respectively. Forces
are applied by the electromagnets in the actuator heads and displacements are
measured by a three plate capacitance gauge within the actuator. As the shaft moves
under the force of the electromagnet coil, the plate attached to the indenter shaft (blue
in Fig. 1.13 (a)) experiences an identical displacement indicated by the red arrows in (a).
This results in varying capacitance between the moving indenter shaft plate (blue) and
the fixed upper and lower capacitor plates (green in Fig. 1.13 (a)), from which
displacement can be directly measured. Load resolution in nN ranges and displacement
in pm ranges can be acquired, though this requires thermal stability as well as vibration
and noise isolation. This isolation is provided in the Gemini system by mounting in a
self-contained cabinet mounted on an air table, which in turn is mounted on a concrete
plinth (= 1 m x 1 m x 1.5 m). The support springs/leaf springs ensure high resistance to
torsional motion and to linear motion in axes other than the x axis for the x actuator

and z axis for z actuator.

Both actuators are securely fixed into stable position in the indenter frame, with vertical
frame stiffness of this system of *10° N/m and lateral stiffness of =10° N/m®. The
indenter heads are connected to the tip mounting block by glass coupling plates, with
dimensions of 1.5 cm x 0.5 cm x 0.1 cm per Fig. 1.13 (b). The glass coupling plates meet
at the tip mounting block where the indenter tip, mounted on the head of a screw, is
locked into place in the block. Sites on the sample to be indented are surveyed by digital
camera/optical microscope. Calibration of the distance travelled by the stage from
microscope to indenter position is performed with reference to an array of test indents

to ensure that the chosen locations are indented.

2-dimensional indentation, with actuators in both x and z axes, crucially allows for
measuring of friction and application of a lateral oscillation during normal indentation.
An independent phase lock-in amplifier for each actuator allows for both vertical and
lateral contact stiffnesses to be continuously measured by the CSM method described

above”’.

The lateral and vertical components of the indenter are modelled as independent,

damped simple harmonic oscillators. The stiffness can then be measured continuously
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and independently in both axes.

The total spring stiffness K:o: is given by

-1
1 1
_ o . 31
Kot [Kf + Kc] + K; (31)

with frame stiffness Ky, contact stiffness K. and indenter support spring stiffness Ki.

Contact stiffness is therefore provided by

Kr (Keot — Ki)

K. = (32)
Kf - (Ktot - Ki)
Load on the sample in the lateral (x) direction Py is described by
P, = FE — ky (dy — do) (33)
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Fig. 1.13: Schematic of Gemini nanoindenter. (a)
Schematic of the actuator heads (identical for normal
and lateral force actuators) arranged as indicated in (b),
where the electromagnetic assembly applies forces on
the indenter shaft and displacement of the shaft is
measured by three-plate capacitance gauge. Leaf
springs act as support. Two actuators, as indicated in
schematic in purple dash outline in (a), are arranged
perpendicular in x and z axes in the 2D Gemini system in
(b). Actuators are connected to tip mounting block by
glass coupling plates, with tip attached to mounting

block. (c) Labelled image of Gemini system.
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with lateral force applied by the x-axis actuator F, stiffness of the indenter shaft k,,
normal position of the tip as measured by the three-plate capacitance gauge dx and

position prior to application of force by the actuator do.

In the InQuest controller used, the force and oscillating force are separately defined by
the PC, submitted to two separate digital-to-analog converters (DAC1 and DAC2
respectively), with these signals then combined before being fed to the actuator, which
in turn outputs the combined displacement and oscillating displacement to the analog-
to-digital converter which resolves the separated displacement and oscillating
displacement. A photograph of the system (excluding controllers and lock-in amplifiers)

is provided in Fig. 1.13 (c).

During indentation, while existing standards and practice indicate that a minimum
spacing of 20 times the depth of the indent should be maintained between indents®?,
this has recently been demonstrated to be unnecessarily large. Instead, a spacing of
only 10 times the indent depth or greater is sufficient to avoid interactions between
neighbouring indents for a Berkovich geometry®?, and strict separation of the plastic
zones is not required, which will inform indent spacing in this work. With indentation in
our samples typically ranging from normal loads of 0.1 mN to 45 mN, corresponding to
depths of =20 nm - =300 nm in SiO; substrates, indent spacing is typically maintained at
3 — 10 um between indents as we must also consider interactions between the auto-

kirigami ribbons nucleated during indentation in our work (described in section 1.6).

1.5.2 AFM based indentation

Nanoindentation can also be performed by AFM systems, albeit with a number of
limitations such as that AFM-based indentation data is often qualitative rather than
guantitative due to complex spring/mass combinations and degrees of freedom of
motion, hindering precise calibration of the forces applied®. An especially stiff

cantilever is used, often of metal foil such as stainless steel or single crystal diamond
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rather than the silicon or silicon nitride used in most AFM cantilevers, with a high spring
constant of up to 500 N/m and diamond tip. These cantilevers are also thicker, longer
and wider than standard AFM imaging cantilevers (13 x 350 x 100 um for the DNISP
probe used for this purpose in this research). This allows normal loads of =1-1000 uN to
be applied. The cantilever deflection measured by the photodetector (V) and piezo
scanner displacement (z) are recorded. Cantilever deflection voltage can be converted
to deflection as a distance (6)(nm) by the deflection sensitivity (nm/V) measured by the
in-contact repulsion of the cantilever on a sufficiently hard sample (such as sapphire).

The AFM tip displacement h is then determined by

h=2z—-96 (34)
which can hence be converted to load by the calibrated cantilever spring constant

(N/m)84’85.

The surface contact point is determined by variation of the oscillation amplitude of the
cantilever beyond a defined setpoint after an initial fast approach to the defined lift
height from the surface. The loads attainable by AFM are 2 orders of magnitude lower
than the loads achievable in both axes using the KLA Gemini system, and 3 orders of
magnitude lower than in purely 1D indentation in the same system using an alternative
indenter head. AFM tips used in nanoindentation must be carefully oriented on the
cantilever to compensate the few degree (typically 12°) angle of the cantilever beam
relative to the horizontal after mounting in the AFM, with AFM tips typically oriented
perpendicular to the cantilever. To correct for this and to prevent ploughing of the
surface by the tip in the direction of the main tip axis (+X direction) or the tip pitching
forward, the piezo scanner tube moves the sample in the opposite direction during
indentation. This ploughing can arise from cantilever bending during indentation or
movement in the +X direction arising from X-Y coupling of the piezo scanner. Pitching
of the cantilever can also move the laser spot such that the laser beam experiences less
deflection at the photodetector than it should at a specific force, resulting in deeper

indentation. This will be considered in greater detail in section 3.2.
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1.6 Graphene self-assembly/auto-kirigami

Nanomaterial synthesis can broadly be grouped into two classes: top-down and
bottom-up. In top-down synthesis, the final product is obtained by removal from the
bulk by exfoliation or fragmentation for example, while in bottom-up synthesis
nanoscale chemical or physical forces assemble the final structure through methods

such as aggregation or self-assembly.

A novel example of such graphene self-assembly was reported by Annett et al. in 2016,
there referred to as graphene ribbons. A sample graphene ribbon imaged by AFM is
shown in Fig. 1.14 (a), with schematic in (b) and sideview sketch in (c). To avoid
confusion with graphene nanoribbons, we here apply the terminology “auto-kirigami”
to refer to the self-assembly and growth process and auto-kirigami ribbon (also AK-
ribbon or ribbon for simplicity in this text) to an individual resulting self-assembled
structure. Here, “auto” refers to the spontaneous, self-assembling nature of this
process, while “kirigami” is a variation of the practice of origami, whereby complex
three-dimensional designs can be produced only by folding a two-dimensional sheet,
though kirigami specifically also allows cutting of the sheet (kiri meaning “to cut” and

gami derived from kami, meaning paper.

In their work, Annett et al. performed nanoindentation on few-layer mechanically
exfoliated graphene sheets on 300 nm SiO2/Si substrates with an applied small
amplitude (=1 nm) lateral oscillation at high frequency in ambient conditions. We will
refer to this method as small amplitude sheared indentation nucleation (SASIN)
throughout. This resulted in the spontaneous growth of self-folded ribbons to
micrometre-scale lengths with high yield (>70%), with the lateral oscillation specifically
judged to be crucial to the nucleation as no ribbons were observed in its absence. These
ribbons typically featured straight edges with a constant inward taper angle as in Fig.
1.14 (a), and a final width characteristic of the number of graphene layers (from =290

nm for single layer to =490 nm for three layer).

Annett et al. proposed that the growth mechanism arose from a thermodynamic

exchange of graphene-substrate area with graphene-graphene area, sufficient to
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overcome the tearing resistance of the graphene sheet, sliding resistance between
ribbon and underlying sheet as well as the strain energy of the resulting fold. Using

Griffith-style elastic fracture analysis®, the internal energy was described by

U = Ufold + 2Ac + AWZD—S (Asheet_Aribbon) - AI/VZD—ZD (Aribbon) (35)

where Usoa is the fold strain energy, A is the rupture energy per unit length of the torn
graphene sheet (assumed isotropic with respect to crystallography), c is the tear path
length assumed identical for both tears, Asheet and Arivbon are the areas of the sheet and
ribbon respectively, and AW2p.s and AW3p-2p are the adhesion energies of the sheet to

the substrate and of the sheet to itself respectively.

Neglecting friction, the fracture energy release rate per increase in tear path length ¢

for each tear can be derived as

au _ anold ow
dc  ow dc

ol
- (AWZD—ZD - AWZD—S) w a + 2)\ (36)

0.0

N EEEEEE
Fig. 1.14: AFM and sketch of representative graphene auto-kirigami ribbon. (a) AFM
topography of a ribbon in bilayer graphene with indent (black), peeled area of exposed substrate
(brown) and folded ribbon (yellow). (b) Sketch of the forces described in egn. (37) indicating
driving, resisting and inward tapering forces. (c) Sideview sketch of the fold.
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where the length and shape of graphene unadhered in the fold becomes constant such
that Upid = Usoa(w) only. Under quasi-static, end-of-growth conditions, the energy
release rate must be 0. From the geometry of the system as defined in Fig. 1.14 (b), we
note that (6//6c) = cos 8, (6w/6c) = -2sin © and by requiring the sum of the forces to be

identical at each crack tip we can write that

AW,p_op - W cosB AW,p_sw - cosB
Faavance = = 2D2 + D Ssin® = 2P 52 +A (37)

Fresist

or that at each crack tip in the direction of ribbon growth

(AW, p_2p — AW,p_w

5 = Acos® (38)

The tear is expected to take the path of minimum force by maximising the energy
release rate®®, so taking the derivative of eqn. (37) with respect to 0 yields

Frow 2DS

tan0 =
Fint (AWzp_zp — AW,p_5) W

(39)

where 6 is the taper half-angle.

With all terms on the right-hand side of eqn. (39) constants, this indicates that the taper
half-angle should also be a constant, which is indeed observed experimentally.
However, this analysis specifically neglected to include friction, implying that any
friction term that would act to impede growth which would be represented in the
denominator must be negligible. This contribution by friction will be examined further
in Chapter 2. This analysis can also provide further insight into the growth dynamics of
the ribbon: although a positive driving force is obtained by the exchange of graphene-
substrate contact area for graphene-graphene contact area, ribbons near universally
narrow to a terminal width rather than widening. This can be attributed to the tendency

to reduce the fold strain energy, described by
DS = Asin6 (40)

33



along the fold direction, which manifests as the constant inward taper angle observed.
This reduction in fold width in turn limits the driving interfacial force as smaller areas of
contact are exchanged per unit 6/ of ribbon growth. This is also consistent with the final
widths being characteristic of the layer number, where tearing resistance increases with
layer number. We note here that the description of the energy release rate from eqn.
(36) did not account for friction, but that the constant taper angle in the derived eqgn.
(39) nonetheless agrees well with our experimental observations. As wear is not
observed of the flake or ribbon during sliding, this resistive force could be specifically
interfacial friction®”, arising purely from the shear resistance at the interface, which is
directly proportional to the interfacial contact area A as Fic = T - A for interfacial shear
strength 1 #. However, as the contact area increases with growth of the ribbon, Fyic
would then increase resulting in an evolving taper half-angle 6, which is not
experimentally observed, implying that friction here is negligible i.e. Fint > Fiic.
Incommensurate stacking of ribbons was also confirmed by Annett et al. by Raman
spectroscopy®®, consistent with structural superlubricity. These ribbons therefore
represent several square micron areas of twisted graphene (or =1 femtogram mass of

graphene) in superlubric contact, albeit tethered to the underlying flake by the fold.

This description is also purely isotropic and does not account for the anisotropy of
graphene due to crystallography for example which is expected to impact the tearing
resistance along different crystallographic directions. This anisotropy can be described

by

Ma) = 2¢sin(a) + 22;;5in(30 — a) (41)

for angle from the nearest zigzag direction a, and rupture energies per unit length along

armchair and zigzag directions Aac and Azz respectively.

While we occasionally observe double-folding at the end of a ribbon (especially if the
growing ribbon head encounters an obstacle such as a flake edge or step), we have not

observed scrolling behaviour resulting from SASIN.

Junior et al. carried out LAMMPS molecular dynamics simulations of graphene sheets

(without substrates) showing that even with initial parameters of an armchair edge
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folded graphene sheet scrolled to 2r radian twist angle (i.e. a full folded “circle” at the
edge), that the scroll will unfurl to form a simple folded bilayer instead®®. This is
attributed to the interlayer van der Waals interactions in the flake being too weak to
overcome the bending rigidity of the single layer graphene sheet. Twist angles of 3t and
greater of the armchair edge folded graphene were necessary to observe further

scrolling of the sheet to produce graphene nanoscrolls.

Initiating a simple 2m radian twist angle scroll structure would result in increased
bending energy required to form this structure while decreasing graphene-substrate
adhesion with no direct graphene-graphene adhesion achieved. However, as in Junior
et al.’s simulations, a nanoscroll with a greater degree of folding (23m) may benefit from
the minimal frictional losses of graphene-graphene contact and enhanced graphene-
graphene contact areas (of both sides of the sheet of interior folds and the inner side of
the outermost sheet compared to only the lower and upper of the upper and lower
sheet respectively in a simple folded structure). The requirement for a >3m radian twist
angle appears unlikely to be spontaneously formed by SASIN, where the effect of the
oscillating indenter tip on the torn graphene edge during indentation and unloading is

difficult to characterise.

Experimentally, scrolling of graphene edges has been achieved for example by
ultrasonication of graphite in dimethylformamide®?, freeze-casting of reduced graphene
oxide® and by intercalation of various species, including IPA®® and KCs*. In MD
simulations, Zhang et al. demonstrated spontaneous formation of carbon nanoscrolls
initiated by a separate carbon nanotube placed on the edge of a supported graphene
monolayer®®, further indicating that the initial configuration of the folded graphene

sheet necessary for scrolling to occur spontaneously is highly significant.

Despite the potential of large-area superlubric contacts, with applications as sensors or
actuators as a novel class of nanoelectromechanical systems (NEMS), few simulations
and fewer experimental studies have been reported on these auto-kirigami ribbons in
the intervening near decade since original publication of these results. We can ascribe
two broad reasons for this lack of experimental results. Firstly, the strict requirement of
lateral oscillation during indentation for successful ribbon growth (over 70% yield with
oscillation and 0% without) motivates use of two- or three- dimensional indentation.
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For example, the nanoindentation system used to nucleate the ribbons in the original
publication is a wholly novel three-dimensional nanoindenter, of which no other
commercial or indeed custom-built equivalents are known to us. While two-
dimensional nanoindenters such as KLA’s Gemini described above are commercially
available, we have observed exceedingly few publications using this device (indeed only
in one other research group). While the necessary lateral oscillations could instead be
introduced by the use of an appropriate shear piezoelectric chip, the Gemini system
retains the considerable advantage of also monitoring lateral signals such as stiffnesses
for example which may provide further useful information on the nucleation
mechanism as we will discuss in section 3.3. This also motivates the exploration of
alternative methods of ribbon nucleation not requiring such highly specialised devices,

as will be covered in 3.2.

Secondly, study of these ribbons is uniquely hampered by statistics. The original
publication reported over 100 ribbons nucleated, all in few-layer mechanically
exfoliated graphene. With ribbons lengths readily achieving several microns and typical
graphene flake dimensions in the study rarely exceeding 20-30 microns, the number of
ribbons achievable on a single flake could be as few as =20 even with optimal placement
of indents on the flake. This strongly motivates application of auto-kirigami in CVD 2D

materials, as reported in Chapter 4.

While broader studies can be considered with ensembles of ribbons nucleated across
multiple flakes, whether on the same substrate chip or separate, it is difficult to control
or even to directly measure variation that could exist between such samples. Indents
are placed without consideration of the anisotropy of graphene, such that the direction
of ribbon growth (which is typically broadly perpendicular to the side edge of triangular
indent crater), and associated tears (which can be estimated to be at equal, few degree
offsets from this direction tapering inwards) cannot readily be chosen by the operator
except by rotation by hand of the sample. Even where crystallography could be
determined prior, as indent positions must be selected purely from optical imaging,
errors of several degrees would be likely if using a flake edge for example as a reference.
While this would be equivalent for many indents on a single flake with defined

crystallography, this could not be controlled across different flakes. Also, the interfacial
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force which drives ribbon growth arises from a difference in adhesion energies (AW:2p.
20 — AWozpss); a variation in these adhesions could arise from contamination of the
substrate surface prior to or during exfoliation, or contamination on the graphene
surface, which would then be expected to strongly influence ribbon growth. This could
arise from exposure time of substrate to the atmosphere prior to exfoliation for
example or varied cleaning methods which have been observed to influence the water
contact angle (WCA). WCA in turn allows calculation of the surface free energy which
determines adhesion®®. This may also arise from the presence of unclassified airborne
hydrocarbon contaminants, where strong variation in WCA is observed with time from
exfoliation attributed to these contaminants and even from different materials of
storage containers®’?8, These parameters also prove difficult to directly measure on

individual mechanically exfoliated flakes.

Qualitatively similar folded structures have been studied by Rode et al. Twisted bilayer
graphene (TBG) samples are obtained by chance in small numbers following exfoliation,
as well as by cutting with an AFM tip applying uN forces to produce trenches, which
may induce folding and nucleate ribbons from their torn edges. This growth mechanism
is attributed to the same interfacial force described above following “flip-over” of the
edge graphene by the AFM tip®°. Following from the observation that straight edges of
graphene flakes are often armchair or zigzag, interlayer rotation angle (or twist angle)
6 can be calculated as 8 = 2 - ¢, where ¢ is the angle between the folded and reference
straight edge. This is depicted as applied to a graphene flake image by AFM and
schematically in Fig. 1.15 (a) and (b) respectively. Among other results, they reported a

variance in interlayer distance with twist angle in TBG, where rather than well-

Fig. 1.15: Geometric determination
of graphene twist angle. Angles are
measured of the initial sample edge
and new edge of folded area
(yellow dashed lines), as well as of
fold direction (blue dashed line) as
shown on AFM topography image in
(a) and schematically in (b) with
defined angles 6 and ¢.

Reproduced from 99.
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established invariant interlayer distance of 0.34 nm, the distance may be as high as 0.63
nm at select twist angles. We note however that this arises from a sample size of only
16 folds over the 30° angle range and that such variations in height have not elsewhere
been observed to our knowledge, although deviations of a few angstroms have been
attributed to AFM tip morphology or even up to =1 nm to AFM scan parameters in
tapping mode which may not adequately penetrate a capillary water layer for
examplel®, While AFM cutting is higher yield than random folding from exfoliation,
both methods prove to have very low throughput with sample sizes per publication
comparable to the number of ribbons that can be produced by the oscillatory shear
nanoindentation method in as little as a few hours. They also obtained Moiré pattern
resolution on TBG by lateral force imaging using an AFM scanner restricted to 1 um scan
sizes®®. From this Moiré pattern, twist angle 8 can be determined from the observed

moiré superlattice wavelength Ay byt

_ 1+9%)a
/2 +8)(1 = cos 8) + 62

(42)

for the general case assuming a heterostructure with lattice mismatch 6, graphene
lattice constant a (with a = 0.246 nm). In TBG with no lattice mismatch, this simplifies

to

Rode et al. also reported that, unlike the established trend of monotonically decreasing
friction for increasing layer number of graphene from 1 to 5 layers, friction on TBG is in
fact greater than that of both AB stacked bilayer graphene and single layer graphene,
with significant variation from =1 to =1.5 times the normalised friction on single layer
measured on these TBG samples'??. This variation is attributed to frictional anisotropy
due to the hexagonal superlattice moiré pattern, which they explain by local Moiré
corrugations increasing surface area, local detachment of the upper layer in response

to the tip and increased ductility of the TBG compared to Bernal, all contributing to
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interlayer superlubricity in fact enhancing friction at the TBG surface. We note that
these TBG frictions were determined relative to an adjoining monolayer graphene area
and as such that crystallography of the sample was not accounted for in these reported
values and that relative angle of AFM fast scan axis and crystallographic direction was
not controlled for. They further report an exponential dependence of fold radius with
length of the fold, which from Annett’s model would alter the fold strain energy, with
lengths studied (up to 2 um) covering a majority of the range of widths possible in
ribbons nucleated by nanoindentation (typically from a lower limit of =0.2 um at end of
ribbon growth to =3 um defined by length of the Berkovich tip crater side at maximum
normal load of 50 mN). The smallest fold radii of =2 A (such that the diameter is near
indistinguishable from interlayer spacing of 3.4 A) corresponding to fold lengths of =0.25
um is not replicated in our studies where a “bump” of the fold is always observed, as
with Chen et al. as well32. Sample sets in a publication include 16 ribbons on 7 different
flakes on 6 different substrates®®, which may introduce considerable variance in
adhesion energies for example as all experiments are performed under ambient

conditions.

The model of ribbon growth driven by exchange of adhesion has been supported and
reproduced by a number of molecular dynamics simulations. Tearing and folding
behaviour has been studied using the adaptive intermolecular reactive empirical bond
order (AIREBO) potential in large-scale atomic/molecular massively parallel simulator
(LAMMPS) to describe the carbon atom interactions'®1% and folding of entire
graphene sheets in fully-atomistic MD simulations using the ReaxFF%7 potential in
LAMMPS'%8, Fonseca et al. specifically set an initial crack edge within the flake as either

zigzag or armchair as in Fig. 1.16. We note in experimental cases that the crystallography

Initial crack-edge: zigzag Initial crack-edge: armchair

Y

L.

Fig. 1.16: MD simulation of auto-kirigami ribbon tearing and folding. Tearing occurs along
different crystallographic directions with differently chosen initial crack edge direction.
Reproduced from 105.
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of the crack edge is not controlled, so these restricted initial edges may limit results
substantially. With a simulation box is 100 x 200 x 10 nm and a crack edge length of 80
nm (less than half of a typical indent edge length) though this proves sufficient to
reproduce graphene tearing and ribbon folding at 300K'%. This simulated tearing is not
symmetric as it appears experimentally however, and extends for no more than 5 nm
over several nanosecond timescales. Thermal fluctuations were found to either favour
or inhibit the folding depending on their magnitude!®. Increasing temperature from
300 to 600 K increased the rate of bond breaking and ribbon propagation velocity,
comparable with increased ribbon growth shown by Annett et al., though even higher
temperatures of 1000K resulted in carbon-carbon bond formation between layers,

preventing growth.

He et al.’%% incorporated a substrate, with the fold created by establishing two initial
parallel cracks in the graphene sheet, lifting the flap edge in the z direction, displacing
the flap in the x direction and then allowing the system to relax, resulting in self-folded
graphene, with initial widths up to 256 nm. He et al. also studied the effect of varying
by graphene-substrate adhesion energy by 3 orders of magnitude from 0.004 to 5 J/m?.
Increased graphene-substrate adhesion resulted in larger taper angles, and tear edges
are not straight or mirror symmetric in the bilayer case. A scaling law for tapering angle

in monolayer samples is derived as

AW _ 0.1
sin® = (ﬁ) (44)
AW3p-2p
and for bilayer samples
AW,p_s\*°
sin® = ($> (45)
AW,p_2p

From their study, they concluded that self-assembly could be controlled by substrate
adhesion, temperature and number of layers, facilitating origami- or kirigami-like

folding.
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We note that none of the above studies introduce gaseous species that would be
present during tearing, although these species would likely bond with the carbon atoms
now available after the carbon-carbon bond breaking. Huang et al. demonstrated that
chemomechanical conditions can regulate the fracture path in tearing monolayer
graphene, where a graphene nanoribbon produced by tearing in vacuum or in hydrogen
environment displays armchair edges, whereas the sheet fractures along a zigzag

direction in oxygen environment0°,

1.7 Conclusions

In this chapter, we have reviewed the materials (primarily graphene), concepts
(superlubricity, self-assembly and auto-kirigami), and experimental techniques
(mechanical exfoliation, chemical vapour deposition, atomic force microscopy and

nanoindentation) fundamental to this study on 2D material self-assembly.

In Chapter 2 we will consider a crucial complication to the picture of graphene as
presented above: a self-assembled stripe adsorbate of environmental origin that is
present ubiquitously on graphene surfaces. We also reveal that this adsorbate is present
not only on graphene surfaces, but also within graphene-substrate interfaces and
graphene-graphene interfaces, with significant implications for superlubricity in auto-

kirigami ribbons.

Currently, reliable auto-kirigami nucleation is available only by SASIN, requiring a highly
specialised indentation system of which only two are known in the world. In Chapter 3
we will examine methods of auto-kirigami nucleation, including existing 2D indentation
methods such as SASIN and a novel AFM-based method of nucleation developed in this
work which significantly extends the capacity and ease of production of auto-kirigami.
We will also consider auto-kirigami nucleation in other 2D materials and the process of

graphene rupture during indentation.

Scaling up of the area of 2D materials on which auto-kirigami ribbons can be

manufactured is necessary to development of ribbons for application outside of
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laboratory settings and to obtaining greater statistical strength. Therefore, in Chapter 4
we will perform indentation on CVD-produced 2D materials, with successful albeit

limited auto-kirigami nucleation in these materials.

In Chapter 5 we will discuss methods to control and reverse ribbon growth towards
development of ribbons as nanoelectromechanical devices, as well as a novel frequency

dependent, electrically induced erosion of graphene sheets.

Finally in Chapter 6 we will summarise these findings within the context of this entire
body of research, as well as highlighting miscellaneous phenomena discovered in this
work requiring further investigation and the next anticipated experimental work

inspired by these findings.

42



Chapter 2: Stripe adsorbates

2.1 Introduction

Many of the superlative properties of graphene can be modified by the presence of
ambient environmental contaminants!'®, However, this has received relatively little
attention in the overall field of 2D materials despite its wide-reaching implications for
any devices prepared or operated outside of ultrahigh vacuum conditions, such as auto-

kirigami ribbons for example.

In this chapter, we will firstly use AFM to detect and observe a recently discovered self-
assembled stripe adsorbate ubiquitously present on graphene surfaces exposed to
ambient conditions. This adsorbate is shown to modify the measured friction of
graphene and is further revealed to be present at the graphene-graphene interface of
auto-kirigami ribbons. However, auto-kirigami ribbon growth occurs successfully
despite the presence of this adsorbate, from which we will derive an upper bound of
frictional shear force, indicating that superlubricity can nonetheless exist in the

presence of this adsorbate.

Furthermore, ribbons represent a unique method to access and to investigate graphene
interfaces as these interfaces can become revealed with folding. We will exploit this to
reveal that stripe adsorbates are present at graphene-substrate interfaces and buried
graphene-graphene interfaces as well, with significant implications on the cleanliness
and operation of van der Waals heterostructure devices. We also provide insight into
stripe formation and dynamics by demonstrating how stripes can interact with surface

features and with themselves.
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2.2 Stripes on graphene surfaces

It has long been understood in the field of surface science that any surface exposed to
atmosphere will rapidly become covered in contaminants!'%'12, The incident molecular

flux onto a surface can be described by the Hertz-Knudsen equation as

a P
F = — (46)

J2mmkgT

for flux F (molecules m? s?), anomalous evaporation coefficient @ (0< o <1), gas
pressure at the surface P (Pa), molecule mass m (kg) and temperature T (K). Assuming
a sticking coefficient of unity, at standard temperature and “rough” pressures of 1x10*
— of 1x10® mbar, this would result in monolayer coverage of a surface by a typical
gas-phase adsorbate within millisecond timescales, or in few minute timescales even at
high vacuum pressures of 10® mbar. For graphene and other 2D materials however,
while the effect of ambient species on the electronic properties such as the local carrier
concentration (with resolution corresponding to even a single molecule!3114) has been
reported previously, this often appears to be overlooked in mechanics-focused
research, which is generally performed in ambient conditions. All previously reported
auto-kirigami (AK) ribbon nucleation and growth has occurred in ambient conditions,
which will include the results presented in this work. The adsorbates which may be
present on graphene surfaces are also typically unclassified, described only in general
terms as atmospheric contaminants or attributed to water vapour. This is probably due
to the ubiquity of these species and perhaps a sense that the effects of such
contamination can be removed by thermal treatment (e.g. annealing to =150° C'') or
mechanical shearing. The structure of such contaminants is also typically not

considered.

In the last decade AFM-based imaging has advanced understanding of atmospheric
contaminants on graphene surfaces however, revealing self-assembled hydrocarbon
structures referred to throughout this thesis as stripes. In 2012, Lu et al.1%® first reported
row-like structures at graphite-water interfaces. These rows were attributed to nitrogen

accumulating at the hydrophobic-water interface as the rows developed most rapidly
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with the injection of N2 into an environmental chamber in which their experiments were
performed compared to other gas species such as O, Ar or CO;, though the stripes were
also observed across various independent laboratories, using different AFM systems as
well as different sources and containers for the water, leading to the assumption that
the rows arise from dissolved gas in the water. However, the spacing of the observed
rows of 4.2 + 0.3 nm, height of =0.45 nm and presence of 3 different row orientations
with three-fold symmetry, with 60° intervals between each within distinct domains, is
more consistent with alternative descriptions of stripes proposed later. Wastl et al.
reported similar structures on epitaxial graphene in ambient conditions''”'18, described
as a solid-gas monolayer at the solid-liquid interface, though the liquid here refers only
to a presumed ultrathin water layer on the surface that was not directly identified or
observed. An example of our imaging of these stripes is shown in Fig. 2.1, with stripes
of different orientations on two graphene terraces. A periodicity of 6 nm is observed
here with a peak-to-trough height of =0.2 nm. Stripes within a particular domain are not
perfectly parallel, with some waviness observed as in lower right of Fig. 2.1 (a) for

example.

An apparently unrelated description of micrometre rather than nanoscale ripples with
an effect on friction was observed by Choi et al.1**=*2, with the common feature of

three-fold symmetry on graphene. Friction force microscopy revealed an anisotropic
04
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Fig. 2.1: PFQNM imaging of stripes
on graphene terraces. (a) Two
graphene terraces with stripe
domains of different orientations,
showing periodicity of stripe pattern,
with pitch of 6 nm. (b) Height profiles
along lines indicated on topography

image in (a). Total linear z scale in (a)
of 1.5 nm.
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friction signal on exfoliated monolayer graphene with angle dependence across three
distinct friction domains, with no correlating features observed in topographic imaging,
optical microscopy or micro-Raman. This was attributed to the formation of
micrometre-scale ripples caused by stress-induced deformations arising from
inhomogeneous graphene-substrate interactions. The ripples were assumed to form
along a stiff direction of the lattice (either armchair or zigzag), giving rise to the domains
with 60° separation. A modified version of friction force microscopy (FFM) (described in
the literature variously as cantilever torsion microscopy, transverse shear microscopy
and transverse force microscopy (TFM), with the last used throughout this work) was
found to image these friction domains with significantly greater reliability and contrast.
In FFM, the fast scan axis is perpendicular to the main axis of the cantilever and the
signal recorded is the cantilever torsion as a result of varying friction of the sample in
that perpendicular direction. In contrast, in TFM the cantilever torsion is recorded with
the fast scan axis parallel to the cantilever’'s main axis. Crucially however, these
proposed ripples were never directly observed by Choi et al., as their proposed aspect

ratio (<1/10) could not be resolved by AFM.

In 2016, Gallagher et al. unified the above observations with a number of observations
on these stripes. They observed stripes of 4-6 nm pitch and peak-to-trough height of
=0.1 nm on graphene (see Fig. 2.1 (a) and (b)), and on another 2D material, hexagonal
boron nitride (hBN). Stripes were also directly imaged by Gallagher et al. on
graphene/hBN heterostructures, on which Moiré patterns arising from the
graphene-hBN lattice mismatch were also observed. Analysis of the Moiré pattern
period allows for inference of the crystallography of the graphene!??, which in
conjunction with stripe imaging demonstrated that stripes align along the armchair axis
of graphene and hBN. Direct correlation was observed between the three-fold
symmetric friction domains imaged in TFM and stripe direction, where the magnitude
of the TFM friction signal is proportional to the cosine of the angle defined by the fast
scan axis and stripe direction. The surface anisotropy defines a local “easy” axis which
the tip is pushed toward, resulting in the torsion measured. Gallagher et al. also
demonstrated a controllable method by contact mode scanning of erasing or swapping

the orientation of stripes within a particular region. That this method could have very

46



strong or weak responses on different SLG samples suggests that the stability of
domains may be determined by a local strain field in the flake. An example of stripes
and stripe friction domains from our research is seen in Fig. 2.2. A bilayer graphene flake
is imaged in PFQNM, with the flake edge and substrate seen in the lower left of Fig. 2.2
(a). No notable features are observed in topography beyond the expected roughness of
the sample. However a TFM image of the same location shows three distinct regions
with varying TFM friction signal in Fig. 2.2 (b). The boundary of these regions is
highlighted with yellow dashed lines. A 500 nm scan at the intersection of these three
domains (Fig. 2.2 (c), the same area highlighted in red in Fig. 2.2 (b)) reveals the stripes
directly and the characteristic 60° angle between stripe domains. Green, orange, and
blue dashed lines act as a guide to the eye to indicate the stripe directions in Fig. 2.2 (c).
Stripes typically are not perfectly straight and some waviness can be present. Therefore,
angles and stripe pitch are derived from a 2D Fast Fourier Transform, with the modulus,
showing the absolute value of the complex Fourier coefficient proportional to the
square root of the power spectrum density function, displayed as an inset highlighted

in white in Fig. 2.2 (c).

This provides an averaging of these values over an entire domain in question. We
emphasise here that stripes are only seen directly in high-resolution AFM topography
imaging in scan sizes of 500 nm and below, whereas friction domains are seen
occasionally in FFM and consistently in TFM over any scan size available. That TFM can
be readily applied to scan sizes of tens of microns makes this a more achievable method
of examining stripes over whole-flake dimensions, though the typical tip radius of > 10
nm used in contact mode imaging (and blunting that would likely occur in contact mode
of a sufficiently sharp tip) precludes simultaneous direct stripe imaging with friction

domain imaging.

We also note that on some rare occasions, a stripe structure is apparently observed
with a period of 20-30 nm instead of the expected 4-6 nm on scan sizes of a few microns,
over which the lateral dimensions of a single pixel of the image would in fact correspond
to the =4-6 nm instead. Upon decreasing the scan size in such areas, the expected stripe
structure of 4-6 nm is revealed. We therefore attribute this to a rare digital aliasing

effect of the AFM.
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Fig. 2.2: Graphene with adsorbate stripes and stripe friction domains. (a) AFM PFQNM
topography image of a bilayer graphene area bordered by SiO; substrate, with no notable figures
on the graphene area. (b) TFM imaging of the same area reveals three distinct friction domains
separated by yellow dashes, with thicker dashes within each labelled domain corresponding to
stripe directions directly observed in (c), high-resolution PFQNM topography image of the area
at the boundary of 3 domains highlighted in red in (b). 60° separation of stripes is observed.
Height image in (c) is 2D FFT filtered to minimise background noise and enhance visibility of
stripes.
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Later work by Gallagher et al. in 2018 using polarization-contrast microscopy further
demonstrated that friction domains arose from adsorbate stripes, such as a
self-assembly of chainlike organic molecules, rather than intrinsic ripples!?3. Stripes or
their associated friction domains had then been observed on graphene!?*, hBN!?,
graphite?®1?7 and MoS;'?8. The consistency of the stripe height and pitch especially
across all of these materials with different bending stiffnesses and stress responses!?®
strongly suggests that the phenomena cannot be as a result of an intrinsic property of
the 2D material and instead may be an adsorbate structure common to all of these
materials. As a result, Gallagher et al. suggested that the stripes may be comprised
instead of adsorbed airborne hydrocarbons which would be sufficiently ubiquitous to
produce this result in labs around the world. Temiryazev et al. in 2019 observed stripes
on HOPG, mechanically exfoliated graphene and “graphite plates” (50 -200 nm thick
flakes of graphite), also demonstrating the ability to rewrite domain stripe directions to
a specific direction within and around the AFM tip scan area, though with no ability to
control or predict the exact area which may extend well beyond the scan area, and
whether this defined domain would relax to the previous direction or even grow in

areals’,

In 2020, Seibert et al. reported stripes at a water-graphite interface, in a similar manner
to Lu et al. in 2012. Seibert noted that stripes were observed in 80% of over 100
experiments where the ultrapure water was added by a hydrocarbon based plastic
syringe, but never in seven further experiments using a glass syringe. Exchanging water
initially added by a glass syringe with a plastic syringe also soon resulted in stripe
formation. Siebert et al. therefore claimed that earlier assessments of stripes as
nitrogen should be reconsidered as species originating from polypropylene or
polyethylene plastics in the syringe or surfactants commonly used in cleaning agents.
Seibert et al. also performed high-resolution AFM fluid imaging, which resolved an inner
structure of the stripes of broadly parallel lines with a period of 0.5 nm, oriented
perpendicular to the direction of stripes!3l. However, at this point we note that specific
chemical characterisation had not been performed on any of the above reported

stripes, which may indeed have different origins in different cases discussed above.
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Stripes also had not been observed in STM even where atomic resolution had been

achieved.

Significant clarity was brough to the topic by Palinkas et al. in 2022, who determined
the chemical composition of the stripes common to various vdW materials including
graphene, graphite, MoS; and hBN*32, Stripes on HOPG were observed directly by AFM
and STM topography as in Fig. 2.3 (a) and (b) respectively. Infrared spectroscopy was
used to characterise the stripes as self-assembled structures composed of 20-26 carbon
atom alkane chains, which they propose selectively displace other surface contaminant
species and may dominate surface interactions with the environment. Alkanes in this
range are present in the environment from biological sources'3? as well as in lubricants,
mineral oils and combustion engine exhausts'34, accounting for their ubiquity and
relative abundance. Low temperature STM imaging of the stripes (Fig. 2.3 (c)) was also
achieved by applying a large tunnelling resistance (>10 GQ) to avoid the tip perturbing
the adlayer. A similar inner structure to that reported by Siebert et al. was observed,
with the parallel lines being individual alkane chains, which was also consistent with DFT
calculations performed in their report. This is also presented in their schematic

reproduced in Fig. 2.3 (d).

From AFM and ellipsometry analysis, Pdlinkds et al. propose that an unordered
contamination layer consisting of water and various hydrocarbons builds up within
40-60 minutes of initial exposure of a pristine surface to the atmosphere, while these
are selectively replaced and interchanged with alkane chains. Friction domains were
observed and studied from 4 days following exposure of the pristine flakes, with a
steady state achieved after 10-14 days. The increasing adsorption energy per carbon
atom with chain length but decreasing atmospheric abundance and vapour pressure of
longer alkane chains results in the observed 20-26 carbon atom alkanes as the eventual
dominant surface contaminant species. The distribution of these lengths of alkane
chains in Fig. 2.3 (e) also shows the close agreement of stripe width with the length of

the Cy6 alkane. This adlayer can also be desorbed by heating to 200°C for 1 hour.
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Fig. 2.3: AFM and STM images of stripes and their inner structure. (a) PFQNM topography on
bulk HOPG surface showing parallel stripes. (b) Room-temperature STM topography of the
monolayer’s smectic phase. (c) Low temperature (9K) STM topography showing stripe inner
structure and alkane chain building blocks, with inset (6 nm x 6 nm) showing atomic scale
structure of a single stripe highlighted in red. (d) Schematic of alkane molecules on graphene
surface. (e) Distribution of lengths of individual molecules in stripe layer. Blue arrows aligned
with stripe direction in each. Scale bars: 30 nm, 20 nm and 10 nmin (a), (b) and (c) respectively.
(a)-(e) reproduced from 132.

A method to rewrite the stripe orientation on a more deterministic and permanent basis
than had been achieved before was also presented, specifically by scanning with the
fast-scan axis parallel to the zigzag direction, resulting in reorientations which were

stable for periods of several months, unlike less controlled methods to swap or rewrite

stripe direction discussed above.

Following this review of existing literature on stripes, we note a number of topics which
remain unexplored, which we will consider here. These are primarily the influence of
stripes on mechanical properties beyond friction; the presence, or lack thereof, of
stripes not only on surfaces but also within interfaces and between layers of graphene;
stripe dynamics and motion separate from their deliberate manipulation and control;
and the interactions of stripes with surface features. Observations are also provided on
the evolution of stripes from a pristine surface. While some of these topics must be
treated phenomenologically through observation rather than deterministically, these

observations nonetheless provide further insight into these novel adsorbates.
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2.3 Stripe dynamics and formation

Questions remain unanswered on how stripes form, in terms of surface interactions
between graphene and hydrocarbons which comprise the stripes as well as any other
atmospheric contaminants such as shorter chain alkanes and water. Following Palinkas
et al.’s report, these unclassified other contaminants should be present in the first few
days after exfoliation and initial exposure but are selectively removed by the
preferential adsorption of the 20-26 carbon atom alkane chains. In this section we
describe efforts to understand the development and evolution of stripes over their

critical formation time period.

Experiments were performed using both TFM and PFQNM on a graphene monolayer
freshly exfoliated onto 300 nm SiO2/Si substrate, with Bruker SNL probes. The sample
was stored in a sealed (albeit not airtight) non-vented polystyrene petri dish in standard
laboratory conditions when not under scanning. TFM imaging was carried out at 10 nN
setpoint to minimise any effect of scanning on the domains and PFQNM at PFT setpoints
of less than 1 nN. In Fig. 2.4 (a), captured 380 minutes after exfoliation, a uniform TFM
friction is observed across the entire graphene sheet (with small exceptions being
wrinkles in the sheet seen as lines of higher or lower friction in bottom and top left
respectively for example). Nascent domains are observed 54 hours after exfoliation in
Fig. 2.4 (b), labelled here I-Ill from lowest to highest TFM friction signal. However, rather
than the typical image of three distinctly defined domains with near straight or low
curvature boundaries, a fourth region of intermediate friction relative to domains | and
Il'is observed. Distinct boundaries are observed in Fig. 2.4 (c) and (d) 102 and 169 hours
after initial exfoliation however, with three domains corresponding to stripes oriented
along the sheet’s armchair directions and only minor changes in domain areas in this
period. A swap of stripe orientation has also occurred between the entirety of regions |
and I, indicated by Il now being the lowest friction and | intermediate, despite the
boundaries remaining largely similar. We therefore attribute the blurring in Fig. 2.4 (b)
to the coexistence of these two neighbouring stripe domains, direct evidence of which
is presented in Fig. 2.7. This coexistence may occur as a precursor to the swap in friction
domains between Fig. 2.4 (b) and (c). We can confirm the origin of these domains as
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stripe orientation by PFQNM at the boundary of these three domains, area highlighted
in red in Fig. 2.4 (d), as seen in Fig. 2.4 (e) with periodicity illustrated by 2D FFT of this
area in Fig. 2.4 (f). Dashed colour lines aligned with stripe directions are provided as a

guide to the eye.

Whereas TFM can image stripe friction domains over scan sizes of 10s of microns with
ease, as in Fig. 2.4, direct stripe imaging proves to be more experimentally demanding.
This requires scan sizes of 500 nm or less to readily resolve the =4 nm pitch of the
stripes, alongside tip sharpness of 2 nm and adequate vibration and noise isolation to
maintain precision to angstrom scale displacements. As is performed throughout this
work, this resolution was achieved wholly in ambient conditions, even considering the
presence of a commuter rail line within as little as 15 m laterally (albeit several metres
underground), which often can be audibly heard from the laboratory in question.

Vibration isolation was achieved by mounting the AFM system on an air table, which in

turn was mounted on an =1 m3 concrete plinth, providing additional mass damping.

Fig. 2.4: Development and evolution of stripe friction domains with time after initial exposure
of pristine graphene monolayer to atmosphere. (a)-(d): TFM images of same area of SLG
bordering SiO; substrate (top left corner of each) at t = 380 minutes, 54 hours, 102 hours, and
169 hours respectively after mechanical exfoliation. Total linear z-range of 0.1 V for (a)-(d) from
-0.05V—-0.05V. (e) Zoom in to area highlighted in red in (d) at boundary of three stripe domains,
and (f) associated 2D FFT of (e) demonstrating the regular 60° spacing and stripe pitch.
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Stripe development following exfoliation was also studied concurrently by PFQNM in a
nearby location on the same sample, using fresh Bruker SNL AFM tips with a nominal
tip radius of 2 nm to ensure sufficient sharpness. This was confirmed by imaging using
the same tip on a reference graphene sample (which had been exposed to ambient lab
conditions for over a year and upon which stripes had been reliably imaged previously)
both before to check tip sharpness and afterwards to ensure that blunting had not
occurred during imaging that may have impaired resolution. Before and after imaging
on the reference sample is shown in insets outlined in red in the upper right and lower
right respectively of Fig. 2.5 (a) — (d). Stripes are not directly observed within a few hours
as in Fig. 2.4 (a), though unlike for stripe friction domains, they also cannot be observed
directly in Fig. 2.5 (b) despite the presence of their characteristic friction domains.
Stripes are faintly but distinctly observable in Fig. 2.5 (c) and more apparent in Fig. 2.5
(d). Given the comparable visibility of stripes on a reference sample across all instances,
we attribute this to a temporal build-up of hydrocarbon adsorbate material rather than

simply a product of imaging quality.

However, we observe that despite stripes not being directly visible by eye in Fig. 2.5 (b),
a very faint signal is observed in the 2D FFT that corresponds exactly with the stripe
period and orientation angle seen more clearly 2 days later in Fig. 2.5 (c). A slight angular
misalignment of the FFT peaks between the two exactly corresponds to a small change
in the angle at which the sample is mounted by hand in the AFM as determined by
comparing flake edges. That a signal is observed even at only 2 days after exfoliation
decreases the window for stripe formation from atmosphere from 4-5 days previously
reported®32. This also demonstrates the high sensitivity of TFM to stripe friction domains
where they cannot be observed even with z resolution of =1 A and lateral resolution of

1-2 nm in PFQNM and the complementarity of these imaging modes.

While the ability of C-AFM to erase or rewrite has been demonstrated3%132, this has
only been reported to occur at elevated setpoints (30 nN for Gallagher et al. for
example?®), while from our own experience a setpoint of 20 nN or higher can often
erase domains, albeit depending on the angle between scan axis and orientation of the

stripes in the particular domain being erased.
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Fig. 2.5: Direct imaging of stripes development and evolution concurrent with Fig. 2.4. (a)-(d)
main: PFQNM imaging of same sample imaged in Fig. 2.4 5 hours, 52 hours, 102 hours, and 173
hours after mechanical exfoliation respectively. Red highlighted insets of each demonstrates
sufficient tip sharpness to resolve stripes on a reference sample immediately before (top right
of each) and after (bottom right of each) imaging of main. Inset mid-right of each is 2D FFT of
main of each. Total linear z range of 1.5 nm for all height images.

To monitor how domains may evolve with negligible influence of the scanning itself on
an aged sample, we performed a series of consecutive TFM images on a 4-layer
graphene area (Fig. 2.6). The sample used was mechanically exfoliated from Kish
graphite one year previously, and had been stored in a sealed (not airtight) Gel-Pak
container in ambient laboratory conditions in the intervening time. This imaging was
performed using an especially low stiffness cantilever (qp-SCONT, nominal spring
constant= 0.01 N/m, tip radius =10 nm) designed for soft contact, with a normal

setpoint of 1-2 nN maintained throughout. This variation in normal setpoint arose from
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drift of the laser signal over the =15.5 hours of continuous scanning, with thermal
expansion also likely contributing as the experiment was performed overnight. While
domains over the majority of the area remained stable, some variation was observed in
locations indicated by markers | and Il in Fig. 2.6 (a), with timelapse of these areas
shown in green and blue highlighted areas respectively in (a) shown as series in (b)-(d)

and (e)-(g) respectively.

The change in stripe area per image varies from =3.9 pm?, or =0.2 pm?/minute in some
of the earliest images in the sequence to =0 pm?in later images, compared to the total
flake area of 220 um?, representing a maximum change in stripe orientation of ~1.8%
of the total graphene area per image. Therefore, although Palinkds et al. describe a
steady state of build-up of the contaminant layer achieved within 10-14 days (over a 2
month run of ellipsometry measurements), this cannot be taken to imply that no further
development of stripes occur and that surface properties which may be modulated by

their orientation can be assumed to reach a steady state as well.

(d) 286 mins
" _S\

~

Fig. 2.6: Selection of a series of consecutive TFM images of stripe friction domains taken in 17-
minute intervals. (a) Stripe friction domains after first image (t = 17 mins). Yellow dash outlines
indicate edges of graphene flake. Zoom-in to areas | and Il highlighted in green and blue
respectively in (b) and (e), sequences in areas | and Il in (b)-(d) and (e)-(g) respectively. In (b) —
(d), upper yellow domain reduces in area and later disappears, and lower yellow area also
reduces in area. Similarly in (e) — (g), rapid disappearance of lower yellow domain is seen in (f)
with similar change in area of upper yellow domain in (g) over longer timescale. After (g), no
further developments were observed across the entire flake in the following =7.5 hours of the
=15.5 hour sequence. Total Az range of 1.0 V (-0.5 V — 0.5 V) for all images.
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Even using deliberately low setpoints in TFM, it can be difficult to claim with complete
confidence that tip interactions are not influencing the stripe domains however while
imaging in contact. It is therefore significant that stripe evolution has also been
observed decisively using PFQNM, which operates at much lower average force
setpoints and without the inherent directionality of the cantilever and tip on the surface
which appears to be central to the capability of C-AFM to rewrite or erase domains. This
was performed in Fig. 2.7 using Fluid ScanAsyst+ probes with nominal stiffness of 0.7
N/m and tip sharpness of 2 nm, sufficient to resolve stripes. While a distinct boundary
is observed in Fig. 2.7 (a), an image in the same area taken within 1 hour shows an
intrusion of the upper domain into the lower (Fig. 2.7 (b)). This advances in Fig. 2.7 (c),
imaged consecutive to Fig. 2.7 (b). Note that both (b) and (c) are taken with capture
direction down (i.e. the slow scan axis from top to bottom of the image), such that

growth of the domain in corresponding areas between images occurs exactly 9 minutes
T el o IR R T E P e eennd i i i il

40 nm

Fig. 2.7: Direct observation of stripe orientation change in PFQNM. (a) Two stripe domains with
clear boundary at which stripes of each orientation terminate. (b) and (c): Consecutive images
(scan completed 9 minutes apart), where the vertical upper domain begins to extend into a
lower domain. A single stripe is seen extending across this boundary in (b) and 3 in (c). (d)-(f): A
feature highlighted by a red circle is used as a reference point to indicate the changing domain
areas (18 minutes between scans (d) and (e), 81 minutes between (e) and (f)). The feature
initially at the boundary of two domains eventually is contained wholly within the lower domain.
Total linear z-range of 0.5 nm for all images, PFQNM topography channel.
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apart rather than a total difference of 0 minutes at beginning of the latter image and 18
minutes at the end as would occur for a varying capture direction. A bright spot on the
surface (highlighted by red circles in Fig. 2.7 (d) — (f)) is used as a reference point in these
images taken of the same area to show how the domains interchange over the course
of 120 minutes. Within 20 minutes of (d) the lower domain around the reference point
has grown to the left by as little as 21 nm, or at a rate of as little as 1 nm/minute. This
value in fact represents a relatively higher rate observed, with a change of as little as a
single stripe can be resolved between Fig. 2.7 (f) and an otherwise near identical image
(not here pictured for redundancy) captured 30 minutes later, corresponding to =0.1

nm/minute rate of growth.

Considering a shared area of 55,000 nm? (determined by overlapping and considering
only the common area imaged in both (d) and (f) using the reference marker indicated
to gauge this area), an area of only 1,960 nm? changes orientation in the intervening
120 minutes of continuous AFM imaging of this region, albeit with some minor AFM
drift causing the reference feature to “move” between images, or 17 nm?/minute.
Assuming no preferential direction of growth, this corresponds to an averaged =2
nm/minute growth in any direction. We emphasise that the PeakForce setpoint
maintained throughout this imaging was less than 1 nN. With a PeakForce tapping
amplitude of 150 nm, a total contact time of the tapping cycle performed at each pixel
of the scan is typically as low as 125 us in contrast to previous contact imaging, resulting
in an average force over time per cycle on single pN scales. This is as many as 4-5 orders
of magnitude lower than that required to rewrite or erase domains by C-AFM.
Furthermore, we emphasise that we directly observed stripe orientation change (as in
Fig. 2.7) on only two instances over hundreds of PFQNM images taken over an
approximately 2 year time span, with stripe resolution on comparable samples with the
same or similar tip and at similar PeakForce setpoints. As such, we contend that this
cannot be a tip-induced phenomenon and instead represents a rarely observed
self-driven mechanism for the motion of adsorbed species. This in fact supports our
earlier supposition of a blurred “fourth” domain observed shortly after mechanical
exfoliation being a region where different stripe directions could coexist with one

intruding into the other as in Fig. 2.7 (b) and (c). Such a mechanism likely describes how
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domain switching seen in larger areas such as in Fig. 2.6 occurs as well. The rarity of
these observations agrees well with the domain area changes seen in Fig. 2.6: taking
the maximum area change observed between 2 successive images as an upper bound,
the chance of a scan randomly landing on an area on which stripe direction is changing
therefore has an upper bound probability of 0.9 % per scan. This value, derived purely
from Fig. 2.6, is broadly consistent with our experimental observations as discussed in

relation to Fig. 2.7.

2.4 Effect on superlubric friction

As discussed in section 1.2.1, superlubricity is a phenomenon whereby friction between
sliding bodies becomes vanishingly small. This was observed between bulk HOPG and a
graphite nanoflake in incommensurate contact under UHV conditions by Dienwiebel et
al. in 20042, In 2012, superlubricity was also observed between microscale contact
areas of up to 10 x 10 pm? under ambient conditions in graphite mesas by Liu et al.?
(graphite mesas discussed in further detail below). Following Liu et al.’s example, we
will consider superlubricity to be present where interlayer shear stresses of 10s of kPa
or below or present as a normal force cannot readily be defined here to meet the

criteria of a friction coefficient u of less than 0.01 per the Coulomb definition of friction.

From the initial discovery of auto-kirigami ribbons by Annett et al. in 2016%, it was
concluded from that friction must be negligible. Otherwise, a friction force resisting
growth scaling with the increasing area of the propagating ribbon would result in a
non-constant taper angle of the ribbons over micron lengths; in contrast, constant taper
angles are almost always observed, suggesting superlubric contact between host flake
and folded ribbon. The discovery of the presence of stripes ubiquitously on graphene
samples not realised in the original publication would seem to complicate a simple
picture of incommensurate graphene sliding if, as is typical, the nucleating indentation
is performed on a graphene sheet with sufficient time after mechanical exfoliation that

stripes must be present: will the stripes be carried forward to become sandwiched in
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the folded area between the ribbon and host sample, or will shear forces during sliding

result in displacement and removal of the stripe material leaving a clean interface?

To resolve this question, a bilayer graphene sheet was mechanically exfoliated from
bulk natural graphite (NGS Naturgraphit) onto 300 nm SiO2/Si substrate.
Nanoindentation was performed on this sheet with a Bruker Multimode 8 AFM using a
diamond cube corner (Bruker DNISP) probe one month later such that stripes were then
present and readily visible on the surface. The two ribbons shown in Fig. 2.8 were
nucleated from these indents by a novel AFM-based method described in further detail
in section 3.2 as “hard tapping”. Contact mode imaging was performed using an Adama
Innovations diamond apex probe (AD-2.8-SS) with a normal spring constant of 1.9 N/m
calibrated by thermal tune. Ribbon 1 was rotated by scanning the ribbon and
surrounding 25 um? area at 25 nN setpoint until rotation occurred, with rotation in the
direction of retrace of the horizontal fast scan axis direction (Fig. 2.8 (a) and (b)) chosen
perpendicular to the direction of ribbon growth. While this method was unsuccessful in
inducing rotation in ribbon 2, scanning over a single scan line at an elevated setpoint of
250 nN was successful as per similar before and after in (d) and (e) respectively. This
scan line was selected such that it was set approximately perpendicular to the main
direction of ribbon growth, near the end of the ribbon to increase the moment of
rotation and covering both the ribbon and adjacent host sheet, though this also caused
minor damage to the ribbon as seen in a notch in the left ribbon edge and localised
tearing of nearby graphene seen in Fig. 2.8 (f). Both rotations are associated with minor
extensional growth of the ribbon along one torn edge (right torn edge in ribbon 1 and
left in ribbon 2). Simply increasing contact setpoint during imaging of a ribbon often
proves to be unsuccessful in manipulating the ribbon (by rotation or by attempting to
push/pull the ribbon along the direction of growth) resulting only in tearing of the host
graphene sheet or ribbon. These rotations therefore represent a rare instance of
successful manipulation, which to our knowledge has not elsewhere been
demonstrated. It should be noted that this limitation inhibited our testing of a greater

number of ribbons in the present work.

Crucially, these rotations were successful in revealing an area of the host flake graphene

that had previously been sandwiched within the sheet-ribbon interface, with ribbon 1
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rotated 22° counterclockwise while ribbon 2 was rotated 33° clockwise. Follow-up
imaging using the same tip at lower setpoint in contact mode did not cause any further

rotation or ribbon growth.

High-resolution PFQNM imaging was performed on the areas of the host flake
previously sandwiched in the interface and now exposed, with imaging occurring within
110 minutes of rotation for Ribbon 1 and within 40 minutes of rotation for Ribbon 2. As
concluded from previous discussion in section 2.3, these time periods would be
insufficient to allow stripes to form by adsorption from the atmosphere if no stripe
material were already present in the stable interface. In both cases, stripes are readily
observed at the former interface areas (host flake areas included within the green
outline in (b)/(c) and (e)/(f) for ribbons 1 and 2 respectively). These stripes are entirely
continuous with stripes in neighbouring areas, with no variation in stripe height, pitch,
angle or other properties observed across the former ribbon edge. Inferring the
graphene lattice armchair orientation from the stripe directions on host graphene and
on the rotated ribbons, both ribbons appear to have rotated into commensurate
contact with the host sheet. Similar lock-in has been reported previously in simulations
of micromanipulated graphite stacks'3>, ambient environment experiments?>'36 and
thermally relaxing nanoflakes in vacuum?®’, attributed solely to commensuration of the
atomic lattices. This increased friction contact is predicted to preclude any further
ribbon growth or rotation, and likely accounts for the final positions observed here as
the final locations were not specifically defined by the contact imaging. However, this
also gives rise to the question of how atomic commensuration can still occur with the
mediation of stripes, or whether this commensuration still exists between only the
exposed regions of the lattice between the stripes or a contribution to commensuration

associated with alignment of the stripes themselves.

We can expand here on the related configuration of graphite contacts in the form of
microscale graphite mesas as described by Lu et al.'38, whereby an approximately 100
nm thick SiO; film is deposited on top of a layer of highly oriented pyrolytic graphite
(HOPG) as a cap. The HOPG/SiO; is then carved into square islands of 0.5-5 um width
and =200 nm height by electron beam lithography using a negative photoresist etched

under an oxygen plasma. These mesas are used to study graphene-graphene sliding and
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friction as they exhibit self-retracting motion'3°. A micromanipulator probe laterally
pushes the stack resulting in lateral displacement of upper layers relative to the base
layers at a naturally occurring incommensurate interface. Upon withdrawal of the
probe, the suspended portions immediately, fully and automatically retract under

superlubricious sliding to their initial stacked location.

Wang et al. report interlayer shear stresses of commensurate and incommensurate
graphite contact in these mesas, both where contacts are presumed to be perfectly

clean and where ambient, uncharacterised contaminants are introduced to the

Ribbon 1 Ribbon 2

Fig. 2.8: Rotation of ribbons to reveal stripes at former interface areas. (a) Ribbon 1 position
and shape before (a) and after (b) rotation by contact mode imaging of the ribbon and
surrounding area. Ribbon initial position and direction of rotation indicated by green dash
outline and arrow respectively. (c) Zoom-in to area highlighted in red in (b), formerly at the
ribbon-host sheet interface. Stripes are observed over all areas, including former interface area
with previous edge in top right corner of (c) as per green dashed line. Similarly for ribbon 2,
ribbon before (d) and after (e) rotation by contact imaging. Stripes are similarly present over
former interface area, with previous ribbon position indicated by green dashed outline in (f).
Light and dark blue lines present to serve as a guide to the eye for stripe directions. 1D horizontal
FFT filtering applied to (c) and (f) to maximise stripe visibility. Scale bars: 500 nm for (a), (b), (d)
and (e), 250 nm for (c) and (f). Total linear z range of 6 nm for (a) - (f).
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interface by sliding?®. They find that interlayer shear stress of clean commensurate
contacts are four orders of magnitude greater than that of clean incommensurate
contacts, while the introduction of ambient contaminants over a duration of 1,000
minutes increases friction of the incommensurate contact five-fold but decreases
friction of the commensurate contact by two orders of magnitude. Assuming for
comparison that these values would be valid for our system, we transition from unclean
incommensurate to commensurate, or a twenty-fold increase in interlayer shear stress,
significantly less than the four orders of magnitude for the same transition in the case
of clean interfaces. This demonstrates that while the presence of third bodies can
significantly modulate interactions between the surfaces, some lattice-scale locking
nonetheless occurs. However, we cannot here state with certainty the extent to which
the orientation of the stripes themselves may have on interlayer shear stress, or

whether acting as a barrier between the graphene surfaces is its sole effect.

Overall, these results indicate that the stripes are sufficiently robust that they are not
displaced by the sliding motion of the ribbon during growth, or by the attractive vdW
forces between ribbon and host sheet graphene even after three days from nucleation
to rotation and imaging. This is in contradiction to a claim in a very highly cited
perspective that trapped contamination can “clean itself off the interfaces”, or else
these heterostructures would be “layer cakes” rather than neat crystals'#?. This
self-cleaning effect was attributed to the attractive vdW forces between layers
squeezing out contaminants or trapping contaminants into micrometre scale bubbles,
such that there is minimal effect on devices on the scale of tens of microns which could
be considered clean with atomically sharp interfaces. As our observation is starkly
contradictory to this claim, the results that lead to this conclusion are detailed and

considered here.

Haigh et al. studied mono- and bilayer graphene interlaid within hBN crystals, using
focused ion beam milling to examine a cross-sectional slice of this interface by STEM41,
The graphene and hBN crystals were prepared in ambient conditions, and hence some
adsorbates were expected to be present at these surfaces/interfaces. They observed
that adsorbates would diffuse over micron distances to form individual islands of

few-micron lateral dimensions and =20 nm maximum height of the trapped material,
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identified as hydrocarbons by energy dispersive x-ray (EDX) spectroscopy and electron
energy loss spectroscopy (EELS). This diffusion left clean, flat areas of micron widths to
act as the fabricated devices, with this diffusion aided by heating to 300°C. They also
measured the interlayer distances between these layers, which varied from the basal
plane separation by only =0.07 nm, suggesting that no adsorbates could be present in
sub-monolayer thicknesses. In this observation specifically, it appears likely that
adsorbates indeed are not present as stripes are known to desorb from graphene

surfaces with heating to 200°C 19132,

Georgiou et al. fabricated graphene/tungsten disulfide/graphene heterostructures'#?,
with high-angle annular dark-field (HAADF) STEM imaging of cross-sections of these
heterostructures showing no visible trapped adsorbates (though this is not specifically
explored in their report). No specific reference is made to the presence or lack thereof
of contamination except a brief remark that the zero-bias resistivity of graphene-WS;
transistor prepared as described above may be limited by unspecified remaining wafer

contamination.

Lui et al. describe ultra-flat graphene!#® produced by mechanical exfoliation of kish
graphite onto mica substrates (in an atmosphere with concentrations of less than 1 ppm
of water to minimise adsorption onto the highly hydrophilic mica) as well as onto bulk
SiO2 substrates in ambient conditions cleaned by sonication in methanol with no
thermal processing. Graphene on mica is seen to be five times smoother than that on
Si0y, with height variation of less than 25 pm over micron scan sizes. The claim that
adsorbates are not present appears to arise from the observation that any such height
variations present are much less than an atomic diameter, though these height
variations refer to the difference in minimum and maximum heights in an area rather
than with respect to expected interlayer distances which may be modulated by the
presence of adsorbates. Lui et al. only report that their graphene samples are extremely
smooth, which would not be contradicted by the presence of an adsorbate layer of

uniform height as the stripes appear to be.

As such, we conclude that although contaminants or trapped adsorbates may in some
instances be removed by a self-cleaning phenomenon or specifically removed by
annealing for example, this should by no means be assumed to be a universal
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phenomenon of vdW structures. This presents serious implications for stacked
structures such as vdW heterostructures more generally and for superlubricity
specifically, where this challenge appears to have become increasingly acknowledged
in the past decade!**146 despite the stated previous assumption that adsorbates would
be removed. Mayorov et al. observed that ballistic transport of charge carriers in vdW
heterostructures is entirely inhibited by the presence of trapped adsorbates at the
interface between the graphene and hBN layers for example!#’. Similarly, Frisenda et
al. report decreased mobility in regions where interlayer contaminants are present in

vdW heterostructure-based transistors!42.

A number of techniques have been proposed to limit the presence of contaminants or
to remove contaminants present, such as assembly in a pure argon or nitrogen
environment!4®, encapsulation®°, thermal processing'*! and nano-“squeegee” cleaning
by AFM tip. In general, these cleaning methods are slow, cumbersome and risk
damaging the device. Furthermore, if such devices are to be used in applications outside
of precisely controlled research environments alone, knowledge of the effects of

ambient conditions such as we consider here will be highly relevant.

2.4.1 Effect of stripes on superlubricity

It has broadly been thought that superlubricity could only exist in exceptionally clean
circumstances. This was supported for example by Peyrard and Aubry’s requirement for
cancellation of lateral forces®! and following He et al.’s demonstration that “third
bodies” such as small hydrocarbon molecules can adsorb onto crystalline surfaces to
lock these contacting surfaces together for example®?. Indeed, most experiments
studying superlubricity have been performed specifically in UHV conditions?#137,153,154
or on interfaces with applied mechanical cleaning as a result of oscillation of the
surfaces for example?>262%155  As such, the presence of these stripe adsorbates
introduces complications for the existing model of ribbon growth motivated by the

continuum energy balance described in section 1.6, which concludes that very low
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friction must be present at the ribbon sliding interface. As a reminder, this described

the internal energy U of the symmetric, tapered ribbon as

U= Ufold + 2Ac + AVVZD—S(Asheetf - Apleat) - AVVZD—ZD (Apleat) (47)

Here, we can determine the fracture energy release rate by taking the derivative of eqn.
(47) with respect to increase in tear path length éc. Equating advancing and resisting

forces at each crack tip under end-of-growth conditions, we find

AWZD—ZD . WCOSG B AWZD— w - COSG
Foavance = > + D SsinB = 2 > + (48)

Fresist

While this model was devised with a picture of a clean graphene sheet, it may still
broadly capture modifications that might arise from the presence of further species or
contamination. The presence of an intermediate contaminant species in the interface is
expected to increase flake-ribbon separation relative to expected graphene-graphene
separation of 0.335 nm, reducing interlayer coupling and decreasing adhesion between
the flake and ribbon, AW2p.2p. As the stripes align along the armchair axis of the
graphene but at most one torn edges of the ribbon can also lie in this direction, the
alkane chains comprising the stripes must also be displaced, which is expected to
increase the rupture energy of graphene A. As such, the presence of stripes modulates
nearly every component of the above continuum energy description. As the presence
of stripes may introduce a non-negligible sliding friction, to iterate on eqgn. (39) in
section 1.6, we introduce a friction term by hand here in the denominator i.e. resisting
growth as in the lefthand side of eqn. (49) below. Now explicitly accounting for a
possible resistive frictional term Fgic introduced by the stripes, fracture mechanics
determines that the tear will take the path of minimum force®®. This is obtained by
maximising the energy release rate of the system i.e. differentiating egn. (37) with

respect to 8, yielding
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Frow 2DS
tanf = ——m— = (49)
Fint + Ffric (AWZD—ZD_ AWZD—S) w+ Ffric

We note however that taper half-angle 6 appears constant even over ribbons of
micrometre lengths, suggesting only a very small contribution by this possible resistive

friction term Fic.

This allows us to obtain an estimate for the upper bound of
graphene/stripe - stripe/graphene sliding friction. Annett et al. estimated an interfacial
energy AWiotal = (AW2p-20- AW2p.s) = 0.02 eV nm2 for a ribbon with constant taper angle
and final width of 350 nm from analysis of the speed of ribbon growth in terminal
conditions before growth stopped/became sufficiently slow to no longer be observable
in AFM imaging timescales®. This suggests a frictional force Ffic < AWiotar - W =1 nN.
Alternatively, given the observed =2 um? area of the ribbon used in the above analysis,
this yields a frictional shear stress ofic << 1 kPa. Considering the ribbons used in the
above experiment, this provides a more conservative estimate of the upper bound of
friction of =10 kPa, obtained by noting the constant taper angles and final ribbon area

of 0.1 um?.

This calculation can be compared to estimates in the literature of superlubric shear
stress of incommensurate graphene-graphene interfaces in ambient conditions, where
contaminants are also expected to be present even if not specifically addressed by the
authors. Using the graphite mesas described in section 2.4, Wang et al. adhered the
upper graphite flake of a mesa to a micromanipulator tip to fully lift it away, then left
the newly formed interface exposed to ambient laboratory conditions for varying times
from 5 to 1000 minutes. While contaminants are not characterised here, for each length
of exposure time, friction measured immediately upon replacing the upper flake is =2-4
times higher than friction before exposure and reduces following a running-in process
with reciprocating motion between the flakes, initially very quickly in the first 10-100
sliding cycles?’, though only to =1.5 times the initial friction even after hundreds of
sliding cycles and never returns to the pristine value. Wang et al. estimates an interlayer
shear stress of 50 kPa for such a contaminated incommensurate contact, while Deng et

al. report an interlayer shear stress of 7 kPa from similar experiments in ambient
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conditions (albeit not quantifying exposure time to contaminants)?’. Liu et al. report a
comparable interlayer shear strength of 15 kPa derived from strain evolution between
layers. These values are found to be generally consistent with the upper bound of =10
kPa that we have derived. The formation of an AK ribbon by folding and sliding can be
considered as a half-sliding cycle from the perspective of self-retracting motion cycles,
such that the cleaning effect, which cannot perfectly restore a graphite mesa interface
even upon hundreds of cycles, should not be expected to remove a significant amount

of adsorbate species.

We can also check for consistency with reported values of line energy of torn graphene.
Considering only forces along the direction of ribbon growth in Annett et al.’s

continuum model®, we obtain

AWZD—SW + Znﬂ COoS 9 = AWZD—ZDW (50)

for n-layer graphene. Given a small, constant taper angle 8 such that cos (6) =1, we note
Annett et al.’s observation that a plot of wfina versus n yields a slope of (2 X / AW;pta1)
=150 nm. Rusanov et al. calculated a line energy of 1.67 x 10° J m* (10.4 eV nm™?) for
torn graphene®®, from which we can calculate AW, ,¢q; = 0.14 €V nm2 (22.4 mJ m2).
This is consistent with the values for AW, ,_;and AW, ,_,, from Li et al.?>’, from which
an interfacial force of (AW,p_,p — AW,p_s) =0.23 eV nm2 (37 m) m2) is obtained. This
provides a friction shear stress upper limit of =10 kPa for ribbons with final widths of

300-400 nm and few square micrometre area, consistent with our previous derivation.

These reports of ambient superlubricity, as well as our own, nonetheless appear to
contradict the established understanding of superlubricity. However, we note that He
et al.’s indeed specified that contaminants leading to loss of superlubricity should be
sufficiently mobile along the interface to achieve a local energy minimum without
deformation of the contacting bodies. While stripe motion and mobility has been
demonstrated, this occurs over longer timescales of minutes-hours, or upon the
application of high force setpoints and hence high local pressures in C-AFM, and does
not appear to occur within ribbon interfaces where stripes remain relatively stable,

potentially owing to their high adsorption energies to graphene. The strict alignment of
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stripes with the host graphene sheet’s armchair direction suggests that lattice mismatch
induced superlubricity may have an analogue in stripe orientation mismatch friction
dependence, as a graphene-graphene interface in incommensurate atomic matching
will as a consequence also feature stripe incommensuration. Furthermore, the stripe
motion and mobility demonstrated through TFM and PFQNM in Fig. 2.6 and Fig. 2.7
respectively are not expected to represent sufficient mobility to satisfy He et al.’s
requirements, and avoid creating pinning sites due to their stability against rotation
when sheared. Stripes are sufficiently stable that the adhesive pressure present in a
ribbon interface cannot displace them for example, domain changes occur over only
relatively small proportions of surface areas relative to entire flakes, with the majority
of the area of domains appearing stable. However, in our systems, superlubricity is of
primary importance specifically in ribbon growth after nucleation through sliding and
folding, a process which occurs very quickly. Annett et al. estimate that this
self-assembly can occur within a fraction of a second even at room temperature®’,
similar to self-retracting motion of superlubricious graphite mesas at mm/s speeds at

room temperature®®

, and definitively occurs over a timescale less than that of AFM
imaging of several minutes. This is also supported by observations in this research,
whereby ribbon growth is not observed during AFM imaging following nanoindentation
using another system (with a resulting minimum time of at least 30-60 minutes between
indentation and imaging), implying that almost all, if not all, self-driven ribbon growth
occurs in smaller timescales. Where ribbons are nucleated by AFM indentation alone,
allowing a reduction in the timescale between indentation and imaging to as little as 10
minutes, growth is still not observed. Furthermore, where growth occurs as a result of
AFM cutting for example where the nucleating event and imaging can occur
simultaneously, growth still appears to occur within as little as a single fast axis scan
line, or 1 second at typical scan rates as will be discussed in further detail in section 3.2.
Overall, we anticipate that the timescale on which ribbon growth occursis small enough
relative to any stripe motion or realignment to allow us to consider these stripes as

insufficiently mobile to destroy the structural superlubricity between the underlying

graphene sheet and the growing ribbon.

69



2.5 Interactions of surface features and stripe friction domains

As discussed above, a key aspect of the stripe structures is that they align along the
armchair axis, giving rise to the characteristic three-fold symmetry of the friction
domains with respect to angle and allowing a relatively simpler method of inferring
crystallography of graphene sheets in AFM without the much more challenging

requirement of direct atomic resolution®>°,

A further consideration then is, of the three equivalent directions available on a

III

graphene surface, how does the hydrocarbon adsorbate material “choose” which of
these to follow? There currently does not appear to be a convincing answer to this.
Gallagher et al, using a combination of “brushing” and erasing of domains in TFM, wrote
an identical stripe domain pattern across different locations on a graphene flake!?®, This
pattern developed differently depending on location, with the newly defined domains
of the pattern in some places growing or in others diminishing, with the rate of growth
or shrinkage also dependent on location. On other flakes however this patterning may
occur much less effectively. They therefore conclude, in the absence of
symmetry-breaking mechanisms, that the relative stability of domains is determined by
local strain induced by the substrate in the graphene sheet (e.g. during mechanical
exfoliation to the surface), and hence the particular armchair direction of three
possibilities that is chosen. Firstly, it is instructive to examine why stripes align along

this direction rather than along the zigzag for example or without respect to

crystallography whatsoever.

McGonigal et al. in 1990 studied n-alkanes (specifically n-Cs2Hes) applied directly on
graphite samples'®®. Their STM imaging shows an arrangement of stripes on the
graphite surface in a manner near identical to that of the relatively shorter alkanes
believed to comprise stripes studied here. They firstly surmise that this adlayer is
commensurate with the graphite lattice, as aliasing due to mismatching periods of the
substrate and adlayer were not observed. Where the alkane chains are oriented along
the zigzag direction, the alkane C-C-C zigzag length is 0.251 nm, which deviates from the

spacing of the hollows of the graphite hexagonal structure of 0.246 nm by only 2%. This
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matching gives rise to both the commensurate structure of the adsorbate and the
adsorbate’s affinity to graphite!®l. As these alkane chains which form the inner
structure of the stripes align perpendicular to the stripe lines observed in AFM, the
stripes then appear along the armchair direction. This is illustrated in Fig. 2.9. A sample
of our PFQNM imaging of stripes on graphene is indicated for reference in Fig. 2.9 (a),
with the blue arrow indicating the stripe direction as observed by AFM and inferred
crystallographic directions per Gallagher et al.s observations'?>. This arrow also
indicates the direction of stripes relative to the orientation of the individual alkane
chains (horizontal series of dots) which comprise these stripes in Fig. 2.9 (b). This
matching may also account for the stripe direction chosen in a particular area of
graphene. We therefore consider surface features on graphene sheets, detectable by
PFQNM, which may be suspected to influence strain in a graphene sheet such as local
effects of indents and other surface features which appear to directly influence friction

domains, namely step edges, wrinkles and nucleated ribbons.

We observe a number of common features of stripe domains which can help to further

this understanding. Stripe domains may be continuous over wrinkles with heights of
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Fig. 2.9: Alignment of alkane chains on graphite lattice. (a) Stripes align along
armchair direction of graphene lattice. (b) Schematic representative of zoom-in to
area highlighted in red in (a). Alkane chains align along zigzag direction, with alkane
chains perpendicular to stripe direction indicated by blue arrow. (b) reproduced

from 160.
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only a few nanometres for example, as in Fig. 2.10 (a) and (b), or wrinkles of similar
widths but even lower aspect ratios can appear as strict edges, as in Fig. 2.10 (c) and (d).
Often different orientations are observed around step edges, even where the upper and

lower step are of the same crystallinity.

We can produce steps through ribbon nucleation (albeit incommensurate with the
underlying sheet), and may expect local strain to be influenced by indentation of the
graphene sheet'®?, which provides further avenues to explore how these features may
affect domain formation and shape. We therefore selected two graphene sheets which
were mechanically exfoliated on the same day, with indentation and ribbon nucleation

occurring on one 39 days later (Fig. 2.11), and on the same day on the other (Fig. 2.12).

Fig. 2.10: Effect of wrinkles and step edges on stripe domains. Effect of steps edges on
simultaneous topography (a) and transverse force microscopy (TFM) signal (b) of a graphene
sample with complex stacking and wrinkles (height of 2-6 nm and 0.2 um width) throughout. On
this sample, domains appear invariant to stripes, and do not change orientation at one 4.5 nm
step but do change at a neighbouring 5.5 nm step. Simultaneous topography (c) and transverse
force signal (d) of a graphene bilayer with wrinkles of 0.1 — 0.3 nm height and 0.2 um width
which are faintly visible in topography, and which appear as black lines in TFM image. Unlike in
(a) and (b), domains in this area are generally not continuous over these lower aspect ratio
wrinkles. Total linear z range in (a) of 20 nm and in (c) of 1.0 nm.
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Fig. 2.11 (a) and (b) show the topography and simultaneous TFM respectively
immediately before indentation. An array of 10 x 10 indents was performed on this
three-layer flake by AFM using cube corner diamond tip to a load of 0.5 mN,
corresponding to depths of 45 nm. No alteration of the stripe domains is observed due
to the indentation nor is any evolution of the domain pattern seen 30 days after
indentation (Fig. 2.11 (d) — (e)). This suggests that the effect of e.g. induced strain in the
sheet may be negligible, or perhaps that these domains are sufficiently stable due to

the existing strain in the sheet.

However, this is not the case in another sheet depicted in Fig. 2.12, on which AFM
indentation with the same parameters was performed within 140 minutes of exfoliation
rather than after 39 days. Domains of course cannot be imaged prior to indentation and
nucleation in this instance as it is performed too soon (within 140 minutes) after
exfoliation for the adsorbates to build up. 3 arrays of indents are performed on this
sheet, with 75 indents in each array. The majority of the indents in each array lie solely
within the single stripe domain dominant in that region of the sample. However, when
the lateral force friction domains are imaged on this sample seven days later, a strong
relationship is observed between the indentation-induced surface features and the
domain shapes and boundaries. Firstly, ribbons in Fig. 2.12 are readily identified even
in TFM by their strong local contrast to the underlying domain, suggestive of a twist

angle between the host flake and ribbon as expected for superlubric growth.

Fig. 2.11: Effect of indentation on “established” domains of stripes. (a) TFM of a three-layer
graphene flake taken 41 days after exfoliation to the surface with distinct friction domains
observed immediately prior to AFM indentation. Subsequent AFM indentation was successful in

nucleating multiple ribbons, as shown in TFM imaging (b) performed 85 minutes after
indentation. (c) Follow-up TFM taken 30 days later shows that these domains have remained
stable over the intervening time.
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From our experience, domain shapes as illustrated in Fig. 2.6 and Fig. 2.11 for example
are typical, with blob-like domain shapes and low curvature domain edges. By contrast,
the domain boundaries in Fig. 2.12 (a) are strongly defined by indentation craters and
self-assembled ribbons features. In Fig. 2.12 (b) and (c), the edges of the sheet torn
during a ribbon self-assembly define the stripe domains in a manner reminiscent of a
child’s “dot-to-dot” drawing. Despite this, there does not appear to be a uniform
response of the sample to each indent as derived from the resulting domains around
each indent, even though many domains in Fig. 2.12 can be approximated well by the
“dot-to-dot” drawing. In many instances, two different domains are observed at
opposite sides of a single ribbon, with domain boundaries in Fig. 2.12 (a) defined almost

exclusively by the position of the heads of the ribbon that have grown into place before

stripe formation.

Fig. 2.12: Effect of indentation on “fresh” domains. (a)-(c): Sample areas of a bilayer flake with
three 15 x 5 arrays of indents performed within 140 minutes of mechanical exfoliation, and
imaging performed 7 days later when domains are readily visible in TFM. Domain shapes and
boundaries appear to be defined by surface features such as ribbons and indents, suggesting the
presence of a symmetry-breaking mechanism.
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Initially, it may appear this common feature of ribbon heads being located at domain
boundaries arises from a subtle difference in sliding friction. This may be speculated to
originate in a form of stripe-stripe incommensuration between the stripes at the
underside of the ribbon and the host flake, whereby friction between the growing
ribbon would vary with the varying stripe orientation in the domains into which it grows.
This could result in termination of ribbon growth at this boundary where stripe-stripe
friction apparently increases. However, we emphasise that stripes are not expected to
be present while this particular ribbon growth occurs as indentation is performed
shortly after exfoliation. Instead, it appears that the domains form around surface

features, or perhaps local strain induced by the applied indents specifically.

This first possibility appears that it should be discounted in this instance as domains are
not expected to be present during this ribbon growth. However, comparison of ribbon
growth within 140 minutes of indentation and during TFM imaging 7 days later reveals
a number of ribbons which had not visibly nucleated from their respective indents in
the early imaging but had grown in the meantime, as well as ribbons which underwent
further extensional growth in that interval, in accordance with Annett et al.s
observations on ribbon growth®. Considering that ribbon growth continues for up to
14 days after nucleation, that stripe domains could form on the surface within as few
as two days, and that stripes may even be present at the new or growing ribbon
interfaces by intercalation, this possibility that a form of stripe incommensuration which
affects sliding friction and results in ribbon growth ending as the growing ribbon head

reaches a domain boundary appears plausible.

This also suggests the possibility of domain engineering, analogous and possibly related
to strain engineering of graphene by non-rupturing AFM indentation'®2. While this could
allow control of the proposed stripe incommensuration friction, it also can have a clear

effect on mechanical properties as measured by PFQNM.

As stripe orientation can have subtle effects on measured mechanical properties of
graphene, this could present a method of tailoring such properties to a limited degree.
While domains being affected by indentation sites also provides further support to the

claim of domains being defined by sheet strain, this cannot wholly explain why the

75



edges of ribbons, which should not affect strain on the underlying sheet, in fact appear

to influence domain boundaries strongly.

Although not universal, we have on multiple occasions observed a clear contrast in
mechanical properties of exfoliated graphene sheets correlated exactly to stripe
domains, as in Fig. 2.13. No contrast is observed in adhesion or dissipation channels,
suggesting that this contrast does not arise from a change in surface energies or
chemistry between these areas. However, both deformation and Young’s modulus (log
scale) show a distinct contrast here, with differences of 20 pm and 0.25 respectively,
corresponding to a difference of 5 GPa. Mechanical properties measured by PFQNM are
derived from fits of a force-distance curve at every point, which in this instance with a
relatively hard substrate and soft cantilever corresponds to a very small total
deformation, the response of which may be dominated by stripe interactions rather

than the graphene sheet or bulk substrate.

Fig. 2.13 also highlights a feature noted by other researchers in imaging stripes by

PFQNM32163; that while stripes may be poorly visible in one channel, such as the lower

200 nm

Fig. 2.13: Correlation of mechanical properties to PFQNM channels. (a) Height, (b) adhesion (c)
dissipation, (d) deformation and (e) modulus (logarithm). Linear z scales: (a) 1.0 nm, (b) 100 eV,
(c) 0.3 nN, (d) 0.2 nm and (e) 2.
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domain in height in Fig. 2.13 (a), they may be readily observed in other channels, such

as deformation and Young’s modulus here (Fig. 2.13 (d) and (e)).

2.6 Stripes between surfaces

In section 2.4, we established that stripes are not necessarily cleaned from, or
“squeezed out” from graphene-graphene interfaces by attractive vdW forces between
the host sheet and the folded ribbon by examination of the underlying sheet graphene
after rotation of the entire ribbon associated with some additional extensional growth
of the ribbon. In Fig. 2.14 (a), a ribbon formed by gr-AK self-assembly was then imaged
by C-AFM at a 30 nN setpoint to undergo tip-induced additional folding. This is seen in
a kind of intermediate form in the intermediate Fig. 2.14 (b), where the AFM tip is
dynamically inducing folding while also imaging this folding. With the slow scan
direction from right to left of the image (indicated by yellow arrow) and fast scan axis
vertical in Fig. 2.14 (b), some minor extensional growth appears to have occurred
immediately upon the tip reaching the upper edge of the fold, with a sudden jump seen
soon after within a single scan line. Then switching to PFQNM, an image taken 160
minutes after this manipulation (Fig. 2.14 (c)) reveals the final, full, induced folding of a
segment of the ribbon including stripe structures around the axis indicated by the red
line in Fig. 2.14 (c) in the direction indicated by red curved arrow. This manipulation
resulted in the exposure of the areas of the graphene sheets previously within the
ribbon interface (highlighted by green dashed lines in Fig. 2.14 (c). We denote the area
of the now exposed ribbon underside as | and the corresponding area of the host sheet
as |l, left and right of the red axis of rotation within green dashed lines respectively.
Similarly, the area of graphene previously in contact with the SiO, substrate is also
exposed (marked lll, highlighted by blue dashed lines in Fig. 2.14 (c). Ill represents a
region of the host sheet underside now folded over and IV the substrate surface that

this graphene was in contact with, left and right of the red axis of rotation respectively.

This ribbon was nucleated and remained stably present on the sample for over 3

months, with the host graphene sheet having been mechanically exfoliated over 2
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months prior to that. A number of conclusions can be derived from this observation
alone. Firstly, the stripes contained within this green highlighted area in Fig. 2.14 (c)
(both on the ribbon underside | and on the host sheet Il) were also not removed by
sliding of the ribbon over the host sheet. In the earlier Fig. 2.8, it may be claimed that
removal of stripes by attractive vdW forces failed due to the limited time, as the ribbon
rotation which revealed these stripes occurred only 3 days after ribbon nucleation and
creation of this interface. In Fig. 2.14 (c), a former ribbon-sheet interface is seen
mirrored around the red line within the green highlighted area (I and Il). Here, we
observe that stripes remained present at this interface for 3 months following ribbon

nucleation and that the proposed universal self-cleaning effect in vdW interfaces has

evidently not occurred here. Although no timescale over which this proposed self-

Fig. 2.14: Stripes on folded ribbons and between substrates. (a) Self-assembled ribbon in C-
AFM (topography channel). (b) The AFM tip is used to manipulate the fold to induce further
folding, C-AFM topography. Yellow arrow indicates slow scan direction. (c) PFQNM imaging of
the newly induced fold shortly after folding around the rotational axis (red) in direction of arrow,
with resulting mirror symmetry of shapes defined by dashed green and blue lines (former host
graphene sheet-ribbon and former host graphene sheet-substrate interfaces respectively). This
folding reveals stripes present on all graphene surfaces, including at sheet-substrate interface
area never exposed to the surface previously. Folding Total linear z range of 5 nm, 10 nm and 6
nm for (a), (b) and (c) respectively.
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cleaning may act was provided, we suggest that its absence over 3 months indicates

that it is not applicable to this interface.

Of further significance, stripes are observed on the area of graphene which, only 160
minutes prior to this imaging, was directly in contact with the silica substrate since the
time of exfoliation (region I, graphene within blue dashed lines in Fig. 2.14 (c)). This
graphene was not exposed to the atmosphere long enough for stripe material to adsorb.
These stripes have the same hight, pitch and orientation as the original surrounding
flake material, albeit on the opposite side of the sheet. Considering the impermeability
of graphene to atoms/molecules as minute as helium and hydrogen®, it appears
unfeasible that the alkane chains which comprise stripes could directly penetrate the
sheet to form on the underside of the graphene sheet at the sheet-substrate interface,
and neither could stripes form on these areas in this timescale from previous
arguments. This also could not have built up before or during the process of mechanical
exfoliation, as prior to exfoliation this graphene sheet would be stacked relatively
centrally within as many as 3 million layers of graphene and would have been exposed
to the atmosphere for a few minutes at most during repeated exfoliations from tape to
tape before pressing onto the prepared, cleaned SiO; substrate. From this, we contend
that stripe-forming hydrocarbons may intercalate into the graphene-substrate interface

over sufficiently long timescales and there form stripes as well.

We therefore set out to examine this phenomenon of stripes being present not only
within ribbons, which are novel as they are both twisted and folded graphene
interfaces, but also at graphene-substrate interfaces. These interfaces are typically not
directly visible, being observed only by cross-sectional imaging techniques by Geim et
al. for example?°. However, ribbon nucleation and folding readily exposes large areas

of such substrates for us to examine.

Indentation with a diamond cube corner tip using an AFM was performed on the
three-layer graphene flake in Fig. 2.15. This sheet was mechanically exfoliated 4 months
prior to this indentation, with stripes readily visible on the surface as expected
immediately before indentation. However, following only AFM-based indentation (Fig.
2.15 (a)), nucleation and growth of ribbons rarely occurs, attributed to the absence of
lateral oscillations during indentation. Ribbon growth can proceed in high yields

79



however with the application of AFM “hard tapping”, as will be described further in
Chapter 3. In Fig. 2.15 (b), taken following application of hard tapping on (a) for 11
minutes, a small degree of ribbon growth has occurred. After a further 11 minutes of
hard tapping in (c), significant extensional growth has occurred of the ribbons first

observed in (b) as well as nucleation and growth from additional indents.

Further detailed study by PFQNM of the regions indicated in Fig. 2.15 (c) as green and
red boxes appear in Fig. 2.15 (d) and (e). These show that stripes are readily visible on
both ribbons within only 29 and 42 minutes respectively after their growth. The upper
side of the folded graphene that we observe in Fig. 2.15 (c) — (e) as the ribbon surface
was previously the underside of the graphene sheet at the sheet-substrate interface.
An additional feature of interest in (d) is observed when considering the graphene
armchair axes inferred from the stripe directions, following the assumption that the
stripe directions follow the armchair axes. The stripe direction (and inferred armchair
axes) of the ribbon and of the host flake are indicated by yellow and red dashed lines
respectively in (d) and (e). By mirroring the armchair axes of the ribbon (yellow dashed
lines) around the axis of the fold (red line with curved arrow indicating mirror axis), we
can infer the armchair axis of the now-folded graphene as it lay on the now-peeled area
prior to folding. This direction is indicated by gold dashed lines, with rotation around
the axis of 98° and 77° in (d) and (e) respectively. The stripe direction (and hence

inferred armchair axis) on the host graphene is indicated by cyan dashed lines in both.

In (d), mirrored ribbon armchair axis and host sheet armchair axes differ by 39° rather
than the expected (n x 60)°. The expected (n x 60)° interval is observed between
armchair axes of ribbon and host sheet in (e) however. Furthermore, the stripe pitch is
measured as 4.5 nm on the ribbon in (d) but 5.5 nm on the host sheet in (d) and on both

ribbon and sheet in (e) ((d) and (e) being on the same graphene flake as indicated in (a)-

(c)).

With this being an exceptional observation, we tentatively attribute this to a
rearrangement of the stripes upon exposure to the surface. Nonetheless, we can follow
the same argument made for the previous sample in Fig. 2.14 above: with the underside
of the flake exposed to air for minutes at most during exfoliation and to air after
exfoliation for less than an hour, stripes are nonetheless visible at these exposed areas
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of graphene. We conclude that the hydrocarbons comprising the stripes can intercalate
between the substrate and graphene sheet. This is therefore not an isolated event but

an repeatedly observed phenomenon.

This is a somewhat surprising result given that graphene is expected to primarily follow
the morphology of the underlying substrate, limited only by its low out-of-plane
bending stiffness which prevents complete conformation'®4, Referring back to eqn. (47),
as we have now provided evidence that the stripe contaminant can also develop within
the graphene-substrate interface, we expect that this may also modulate the value of
the graphene-substrate adhesion energy AW,p.s, further demonstrating the influence

that these stripes can have on every aspect of ribbon energetics. However, inspired by

Fig. 2.15: Stripes on newly formed ribbons produced by AFM indentation and AFM-assisted
nucleation. (a) Three-layer graphene sheet with AFM cube-corner indentations at 4 um spacing

in x and y. In this method described further in section 1.6, nucleation does not occur alongside
indentation and instead must often be produced by AFM “hard tapping” method. Ribbon growth
is observed as a result between (a) and (c) over the course of 22 minutes, with minimal
nucleation observed in the 120 minutes prior to this application in (a). Two ribbons are selected
in (d) and (e) from green and red highlighted areas in (c) respectively, with well-developed
stripes observed on both. PFQNM topography total linear z range of 4 nm for (a) — (e).
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this discovery, we can still examine one further location in which stripes may be

present- between graphene layers.

As a final example, we consider gr-AK growth in a very thick layer of graphene —a sample
closer to a graphitic flake. We have found a novel result that ribbon growth can also
occur in any thickness of graphene/graphite with the application of what we term a
hard tapping method. This method provides an alternative, external driver to
spontaneous ribbon growth by replacing the thermodynamic energy minimization
effect of exchange of graphene-substrate adhesion for graphene-graphene adhesion

with small amplitude oscillatory mechanical excitation from the AFM tip.
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Fig. 2.16: Stripes on all steps of a thick ribbon peeled from graphite. (a) Overview of the
complex ribbons which can result from application of “hard tapping” on very thick samples (>100

nm), total z range of 70 nm. (b) Stripes on all steps of surface, as depicted in PeakForce Error
channel to allow visibility of presence of stripes on all surfaces regardless of height. (c) Adaptive
nonlinear colour mapping of topography image showing stripes directly, total z range of 88.9
nm. (d) Height profile along line in (c) (from left to right) indicating size of steps on thick graphitic
ribbon.
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We begin with a graphite sample of 58 nm thickness on a silicon substrate shown in Fig.
2.16. The graphite flake was mechanically exfoliated over 3 months prior to AFM
indentation, while nucleation by hard tapping was performed within 1 hour of
indentation and imaging in Fig. 2.16 (b) and (c) within a further 103 minutes after
nucleation. As a result of AFM indentation and hard tapping on this 58 nm thick sample,
we observe the production of a single ribbon with unusual features: it has a variable
thickness across its width of 33-43 nm and the exposed peeled area consists of 15-25

nm thick graphite rather than SiO, substrate. An example of such is seen in Fig. 2.16.

As per previous arguments, stripes could not form from ambient in this timescale.
Nonetheless, stripes are observed on every graphene step and surface in Fig. 2.16. We
emphasise that less than 3 hours prior to this observation in Fig. 2.16 (b) and (c), all of
these surfaces of the ribbon were buried 33-43 nm deep while other areas of lesser
thicknesses exposed by the damage associated with the hard tapping technique with
depths as little as 4 and 6 layers (bottom left of Fig. 2.16 (b) and (c)) similarly show

stripes consistent with extrapolation of the armchair axis in other locations.

We can contrast this method of revealing buried interfaces in graphite by ribbon
nucleation in our 100+ layer graphite flakes with cleavage of graphite mesas as

performed by, among others, Liu et al.?° and Wang et al.?® as discussed above.

While the graphite mesa setup can allow examination of interfaces by shearing a
portion of the mesa, there is no direct control of where in the stack this cleavage may
occur. In the graphite mesas, cleavage occurs at pre-existing naturally incommensurate
interfaces in the mesa among the =4,000 layers present in a typical HOPG mesa'®,
These incommensurate interfaces can arise from a grain boundary at an arbitrary depth
in the mesa for example?®. Lower shear resistance is present at such grain boundaries,
facilitating the superlubric self-retraction phenomenon. Similarly, in a ribbon nucleated
from 100+ layer graphite, we cannot control which layer-layer interfaces of the graphite
become revealed i.e. the number of layers in the ribbon or the number of layers
remaining in the peeled area. Shearing of a graphite mesa reveals only a single layer-
layer interface. In contrast, ribbon nucleation and the additional tearing induced by
“hard tapping” in graphite flakes reveals at least 10 different step heights in Fig. 2.16.
Each step height corresponds to graphene layers previously at buried interfaces of
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varying depths equal to that step height across the flake. As in Fig. 2.16 (b) and (c),
stripes are present at every one of these steps, and therefore at each of these buried
interfaces at different depths in the graphite flake. We can therefore exclude a
hypothesis that stripes being observed on these ribbons implies only that stripe
hydrocarbons may be able to intercalate into rare “weak” interfaces which may have
less intimate contact between neighbouring layers. While we cannot here establish a
length of permeation by diffusion of stripe material, we note that stripes have been
observed on all ribbons on the same flake as in Fig. 2.16, with ribbons located up to 50
um from flake edges. We present a method for experimentally determining a rate of

intercalation and potential diffusion limit in section 6.2.

This observation presents another pressing query: if stripe hydrocarbons can intercalate
between apparently any number of layers even when embedded deep within relatively
thick graphite, then how are any graphene surfaces ever observed to be clean of
stripes? We have demonstrated that graphene layers freshly exposed by exfoliation do
not feature stripes within less than 2 days, in accordance with other experimental
observations!31:1329 5o those layers should be pristine upon exfoliation. Here, we
hypothesise that this distinction may arise from the different size scales of graphite that
we consider pre and post mechanical exfoliation. The natural graphite graphenium
flakes used for mechanical exfoliation here are of =0.5 cm to 1.0 cm widths and =0.1 cm
thicknesses (or Kish graphite flakes of 1-2 mm widths and =0.2 mm thicknesses). The
size of graphite flakes that are commonly found on the SiO; substrate after exfoliation,
such as that indented in Fig. 2.16 are 100 — 500 pum in width and 50-200 nm in height.
This difference in lateral scale of 100-fold could suggest that the intercalation process
is self-limiting with distance from the flake edge, so can occur to provide the stripes in
Fig. 2.16 but would not be expected to be observed on these smaller graphite flakes
remaining after exfoliation, which should be randomly distributed across the sample
relative to the position of the original graphenium flake. As the exfoliation results in
tearing, often along crystallographic directions, these newly formed edges are expected
to experience less passivation than the previous edges'®®, and may not act as barriers
to stripe hydrocarbons as effectively. In their modified method of mechanical

exfoliation with 20-60 times greater vyield, higher quality flakes and up to 50 times
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greater areas of individual flakes compared to conventional mechanical exfoliation,
Huang et al. crucially apply a heat treatment to the substrate-graphene-tape
sandwich**. They speculate that heating to 100°C increases the pressure of any gas
molecules trapped between the flake and substrate, which encourages the transfer of
gas from the interface via the edges, which they claim act as a one-way valve. However,
the specification of a one-way valve is not experimentally supported in the text, so we
suggest that these edges may in fact be significantly more accessible to specific species

than previously thought.

We should also consider the peak-to-trough height of the stripes which are apparently
trapped at every graphene-graphene interface in Fig. 2.16. Although reported and
indeed our own values of this amplitude vary somewhat (typically 0.1 £ 0.05 nm, this
value being at the limit of AFM z resolution which may account for this variance), this is
an appreciable value in comparison to the interlayer separation of graphene of 0.34

nr“166

, Which is approximately the van der Waals thickness of a carbon atom
monolayer'®’. We note that this value of 0.34 nm is derived from XRD of graphite. In
AFM, it has been long established that the measured height of graphene layers can vary
significantly. In 2008, Nemes-Incze et al. observed a variation in thickness
measurements of single graphene layers on SiO; substrates from 0.35 nm to 1 nm?*%,
following reports from other researchers of similarly inconsistent thicknesses68-170,
This was primarily attributed to inconsistencies in AFM measurements, both in
tapping-mode and contact mode AFM. In tapping-mode, Nemes-Incze et al. report that
poorly chosen free amplitudes of the AFM cantilever result in such variations. While it
can be tempting to image at the lowest setpoints possible to minimise damage to the
sample and to extend tip lifetime, it must be ensured that imaging occurs with setpoints
sufficient to bring the tip into repulsive contact with the surface with cantilever
damping arising primarily from surface topography rather than capillary forces for
example. Even in contact-mode AFM, different lateral forces across different materials
being imaged within the same scan (such as a graphene sheet and substrate) can
introduce errors to the thickness measurements of up to 0.2 nm for example. While this

satisfactorily explains large thickness variations, we speculate that such variations may
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not arise wholly from instrumentation but could reflect the presence of interlayer

species as observed here.

Water adlayers between graphene and the substrate have been observed previously
which can introduce variation in height profiles for example, and which also indicate the
possibility of another intercalated species!’’. Recently, Tallon et al. studied how
exfoliated graphene can protect Si(111)-7x7 surfaces from oxidation in ambient
conditions’2, However, even areas of Si(111)-7x7 upon which graphene has been
exfoliated in vacuum become oxidized within only 2 days of exposure to ambient
conditions, with the authors suggesting that adsorbates could migrate under graphene

flakes from flakes edges under these conditions.

Shearer et al. report that graphene heights may be accurately measured if imaged at
sufficiently high forces or if no buffer layers are present!’3. However, even in this case
where imaging is performed with a small diameter tip (a single wall carbon nanotube to
apply sufficient pressure to displace any possible underlying buffer layers) and at an
optimal force set point, Shearer et al. nonetheless report an error of 0.1 - 0.3 nm for the
first layer alone. However, they did not study samples of two or more layers, upon which
it was speculated that the pressure would quickly become dissipated and would no
longer act upon any underlying buffer layers. Yao et al. developed a histogram method
to determine graphene thickness, with measured thicknesses for single layer graphene
of 0.41 + 0.29 nm?'74. Sidorov et al. reported an initial thickness measurement of =0.35
nm that relaxes to 0.8 nm after 45 days, which they partially attribute to moisture
creeping into the sheet-substrate interfacel’>. From this review, we can see that
graphene interlayer thickness is rarely measured by AFM as the expected value of 0.34
nm, and instead is always greater than rather than being distributed around this value.
While inconsistent contact of the AFM tip and surface has been proposed to explain this
discrepancy, we hypothesise that the additional component of intercalated stripes for

example could also clarify why the value of 0.34 nm can so rarely be achieved.
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2.7 Conclusions

In this chapter, we have firstly reviewed the current understanding of stripe adsorbates
available in the literature, albeit representing only a handful of papers focused on this
topic in the previous decade since their discovery. Key parameters such as their
characteristic pitch of 4-6 nm, peak-to-trough height of =0.1-0.2 nm and three-fold
symmetry resulting in distinct friction domains were established and demonstrated on
our graphene samples by PFQNM. Stripe dynamics were explored, with the timescale
over which stripes form on pristine surfaces established, stripe friction domains
observed dynamically evolving in shape with time as well as stripes observed changing
direction directly. Stripe friction domains also appeared to be influenced by surface
features such as wrinkles, ribbons and indents. As we demonstrated that stripes can
influence graphene material properties such as friction and subtly affect measured
adhesion and deformation for example, we highlight the need to account for stripes in

studies of graphene.

By manipulation of folded graphene ribbons with an AFM tip, we exposed the graphene-
graphene interface, within which stripes were stably present, in contradiction to
widespread claims that van der Waals forces can remove hydrocarbon contaminants
from these interfaces. We also derived an upper bound of friction shear stress in a
typical ribbon consistent with superlubric sliding, in agreement with Annett et al.’s
previous description of ribbon formation, even in the presence of these stripe
adsorbates. We attribute this persistence of superlubricity to the relative lack of

mobility of these stripes and lack of pinning sites generated.

As auto-kirigami ribbons can reveal graphene interfaces, we further demonstrated that
stripes are present not only on graphene surfaces, but also at graphene-substrate and
buried graphene-graphene interfaces in graphite. We proposed that stripe adsorbate
material can intercalate into these interfaces as stripes could not form in these locations
within the relevant timescales after exposure. This presents serious implications to the
cleanliness of van der Waals interfaces more generally, which we propose can no longer

be simply assumed to be clean.
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Chapter 3: Nucleation of 2D material auto-kirigami

3.1 Introduction

As discussed in Chapter 1, prior to this work two methods for ribbon nucleation have
been proposed. These are via indentation on mechanically exfoliated graphene with
applied lateral oscillations as discovered by Annett et al.?%, and by AFM cutting as

demonstrated by Rode et al. for example©?,

Nucleation by indentation has thus far only been applied on few-layer mechanically
exfoliated graphene samples. Here, we extend this to mechanically exfoliated MoS; and
graphite, and later in Chapter 4 we will discuss indentation on a number of CVD 2D
materials as well. We also present a novel method for nucleation of graphene auto-
kirigami ribbons by AFM indentation with no requirement for applied oscillation. This
extends the production of AK-ribbons from the oscillatory shear technique
implemented by 2D nanoindenter systems®:176 of which only a very small number exist,

to the workhorse AFM system present near universally in laboratories worldwide.

Rupture of graphene is also examined as a necessary precursor to ribbon formation,

with insights into ribbon formation obtained.

3.2 AFM nucleation

Firstly, we review and extend the application of AFM cutting for ribbon nucleation as
demonstrated by Rode et al.>®102103  Secondly, we demonstrate a novel method for
nucleation of ribbons using AFM-based indentation and tapping-mode imaging. We also
note that self-folded areas of graphene and even ribbon structures may also be
observed in rare instances on graphene immediately following mechanical exfoliation.
This is attributed to complex shear forces present during mechanical exfoliation, and as

such is not a reliable method for studying folded graphene.
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Cutting is performed in AFM using an Adama super-sharp diamond probe (AD-2.8-SS,
tip radius less than 5 nm, 2.8 N/m spring constant, 65 kHz resonant frequency). Different
methods of cutting were applied as highlighted by sketches in Fig. 3.1 (a) — (c) with
varying levels of success. The most promising method found was cutting a line scratch
through a graphene sheet, with ribbons nucleated from this torn edge (Fig. 3.1 (a))
similar to the method of Rode et al. While ribbons may be observed immediately upon
imaging the newly formed scratch line, contact mode imaging around the scratch at
setpoints of few tens of nNs (sufficiently low to avoid causing further damage or tearing)
can also induce further folding from the scratch line. From exploratory testing, this
method proved relatively consistent in inducing folding of areas of graphene but the
resulting folded graphene could vary significantly. In some instances, a ribbon may grow
perpendicularly or approximately perpendicular to the scratch line as above the scratch
line in Fig. 3.1 (a) and as imaged by AFM in (d). In others, a ribbon may form around only

one tear as below scratch line in (a). This may instead result in folding of edges of the

(a) (b) (c)

Fig. 3.1: Ribbon nucleation by AFM cutting. (a) — (c): Sketches of
different cutting experiments applied, including nucleation from
a single tear (a), scratching away a square of graphene resulting
in multiple torn edges (b) and defining ribbon edges by two
parallel scratches (c). AFM examples of methods in (a), (b) and
(c) as applied by AFM depicted in (d), (e) and (f)+(g) respectively.
Total linear z scale of 4 nm for (d) - (f), 6 nm for (g).
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flake to lengths of 1-2 um but widths of 10-20 um. While reliable in producing folding,
the lack of control over and consistency in the resulting folds makes this method less

appealing.

Mechanically etching away a square using AFM contact mode imaging as in (b) was
intended to incorporate both the scratching effect of (a) with a repeated back-and-forth
motion of the tip along the trace-retrace direction which may encourage formation of
initial folded tabs at the newly torn edges defined by square scan area. As such, this
method can be viewed as a crude analog to SASIN as discussed in section 1.5. While
Annett et al. applied a high frequency, small amplitude (=1 nm) lateral shearing
oscillation during indentation to reliably induce nucleation®, we can here attempt to
mimic lateral oscillation with the trace-retrace motion of the AFM tip. With typical scan
rates per line of 0.5 — 2 Hz in AFM scanning, this would represent a lower frequency

than the 10s Hz typically applied in SASIN.

However, tearing caused by this method was poorly controlled, rarely being limited to
the scan area and ribbon peeling. While crude ribbon-like folds can be seen in Fig. 3.1
(e), these were also judged to be too irregularly shaped to allow categorisation or to
readily be studied. This method also required additional time compared to scratching

only a single line as in (a).

A third method depicted in (c) sought to nucleate ribbons of arbitrary, controllable
initial widths. With SASIN, the maximum initial ribbon width is typically limited by the
side length of the triangular indent crater of the Berkovich tip. While 1D indentation can
be performed with loads of up to =1 N in standard nanoindentation instruments, there
is a limit of *50 mN maximum load available in 2D nanoindentation systems which are
based on the highest precision actuator heads. This in turn limits the maximum indent
crater side length to =3 um. Assuming a typical final width of 300 nm of an inward
tapering ribbon with half angle of =6°, this would place a limit on maximum ribbon

length of 12.9 um.

Our study of graphene AK ribbons has thus been limited to ribbons with initial widths
from =0.2 um to =3 um, and Annett et al.’s interfacial force growth mechanism has not

been tested at higher widths.
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From Annett et al.’s model, a minimum final fold width is observed where the interfacial
force can no longer overcome tearing resistance of the graphene sheet®. The interfacial
force, proportional to the growing ribbon area 6A decreases during growth in ribbon
length 6/ = éc cos 0 (for tear length 6c and taper angle 8) due to the inward tapering of
the ribbon which acts to minimise the strain energy of the fold. However, the tearing
resistance of both tears 2\ 6c then depends only on incremental length 6/. Therefore,
for increasingly larger initial fold widths, the ratio of tearing resistance 2A to interfacial
driving force w-Ay becomes increasingly smaller. Nucleating ribbons of arbitrarily large
widths is therefore of interest to examine if the fold itself would remain perfectly
straight over increasing fold widths. This may modulate fold bending stiffness,
previously assumed by Annett et al. to be a linear function of width if the unadhered

length and shape of graphene in the fold does not vary with ribbon growth.

We here assume negligible frictional resistance per earlier conclusions in Chapter 2.
However, Qu et al.’s report that the total friction force of incommensurate graphite
contacts under ambient conditions is dominated by friction of edge atoms rather than
inner atoms for contacts up to 10 um in lateral size, with an average contribution to

friction of inner atoms as no more than 10 that of edge atoms”’.

The increasing contribution of inner atoms is presumed to follow a power
law?77:178.24136,26,179 \ith Fgic = f1 AN for 0 < n < 0.5. With the driving interfacial force
scaling linearly with area, although a minimum fold width is observed, there appears to
be in principle no maximum fold width. However, ribbon growth is often terminated
where the growing ribbon head encounters a flake edge, neighbouring ribbon or peeled
area or sufficiently large contaminant body, which becomes increasingly more likely for
larger ribbons. A potential bending of the fold itself over sufficiently large fold widths
may also set a ribbon width upper bound, causing a change in taper angle with fold

width.

As sketched in Fig. 3.1 (c) and demonstrated in (f), two short scratches are made (as
marked by red dashed lines) approximately perpendicular to a flake edge to define the
edges of a ribbon. Contact mode imaging is then performed with top and bottom edges
of the scan also defined by the red dashed lines in interleave mode. This ensures that
contact scanning occurs only in the trace direction with the tip retracting during the
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retrace (or vice versa), here with the effect of the tip “pushing” only from left to right
during scanning along the flake edge between the two scratched lines similar to Chen
et al.”s method of producing folded graphene3?. This may then result in folding of the
graphene to form a ribbon with chosen initial width as per (f). Here, the scratches were
made 5 um apart, which could allow a ribbon length of up to 22.5 um, though in this
instance the ribbon growth stops as the fold encounters a step, increasing tearing
resistance such that self-assembly is no longer favourable. While this method could be
applied, it also proved difficult to control. In Fig. 3.1 (g), two parallel scratches were
made =1 um apart at the edge of a 3-layer mechanically exfoliated graphene sheet.
Rather than tearing the sheet, each scratch resulted in local folding of the sheet to a
folded length of =0.7 um following the first scratch and =1.2 um following the second.
Despite applying only that scratching and no further high setpoint contact mode,
neighbouring graphene with a different edge direction folded to a length of =2.5 um
over a width of =17.5 um. The majority of this folding is 3-layers folded onto 3-layers,
but in a small area shown in far left of (g) only 2-layers fold onto adjacent 3-layers,
leaving 1-layer in the “peeled” area. Graphene sheet thicknesses were obtained by
comparison of the height of these folded areas compared to neighbouring graphene

areas where no tearing or folding occurred, as obtained by subsequent PFQNM imaging.

We also note here that the fold appears predominantly straight over this width of =17.5
um, suggesting that, over short ribbon lengths at least, Annett et al.’s model remains
valid with constant taper angle and straight fold and ribbon edge observed in this
instance. However, we note that the resulting folded structure produced in (g) is starkly
different to the anticipated ribbon shape per schematicin (c), and that such large ribbon

widths could not be reliably reproduced.

Furthermore, applying two parallel scratches could instead result in nucleation
separately from each scratch line as per (a) rather than as intended in (c), and contact

mode scanning often resulted in tearing and destruction of the sheet rather folding.

Nonetheless, these methods represent various approaches that can be applied to
nucleate ribbons in the absence of SASIN. This can facilitate more widespread study of
auto-kirigami ribbons for fundamental research, though currently lacks the control and
scale of indentation-based methods. Publications featuring similar methods of AFM-
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based folding of graphene applied by Rode and Chen feature a total of 30 and 21
successful folds respectively3>19?, indicating the similar struggles of yield faced by other

researchers.

As AFM cutting cannot provide the desired yields and consistency of AK-ribbons, we
tested AFM based indentation methods using a Bruker Multimode 8 AFM. A DNISP
cantilever is used, consisting of a stainless-steel cantilever with reflective gold coating
on the backside of the cantilever and a hand-crafted natural diamond tip with cube
corner geometry. This probe was pre-calibrated by the supplier with a spring constant
of 297.32 N/m, deflection sensitivity of 131.1 nm/V and frequency of 56.4 kHz. This is
performed specifically using a nanoindentation software module which is not provided
as default for many AFM systems. However, the primary advantages of this software
are to correct cantilever tilt in order to minimise ploughing (which we deliberately
misalign such that ploughing occurs regardless), and to generate arrays of indents with
controllable indentation rate, location and number. This software also facilitates
imaging of the indent and surrounding area pre- and post-indentation in tapping mode
with the very stiff indenting probe rather than in contact mode to minimise sample
damage. However, it is entirely possible to reproduce indentation in this manner
without this module using only a standard ramp procedure to produce force-distance
curves in contact mode, as is routinely applied in calibrating cantilever deflection
sensitivity. A maximum load of =0.5 mN can be applied (to a depth of =110 nm) with

individual indents completed within as little as =10 s.

This 1-dimensional indentation produces strains largely in the normal direction, and as
such is not predicted to nucleate ribbons per Annett et al.’s observations that nucleation
by indentation occurs only when a small, high frequency lateral oscillation is applied.
Nonetheless small, folded tabs of graphene are often seen at the edges of the indents.
Per Annett et al.’s model, these tabs are precursors to ribbon growth, indicating further

promise of this method.

Unfortunately, the low loads accessible by AFM indentation result in indent side lengths
of only =0.2 um. A ribbon with an initial fold width (wo) this low is below the typical
threshold width required to generate an interfacial force of sufficient magnitude to
drive self-assembly; as described in section 1.6, this interfacial force arises from the
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difference in adhesion energies between the graphene ribbon/host flake (AW2p.20) and
the host graphene flake/substrate (AW2ps), with the interfacial force at beginning of
growth Finto = Wo - (AWap2p - AWoaps). With such low values of wp the exchanged
adhesion energy per unit length of ribbon growth is too low to overcome the bond
rupture energies required to tear the sheet and any other impediments to self-assembly

that may be present. It is therefore necessary to increase this torn length.

AFM cantilevers are typically oriented with a =12° deflection of the cantilever from the
horizontal, with a corresponding tilt of the tip itself. To correct for this misalignment
and to prevent ploughing of the surface due to the tip pitching forward during
indentation, the piezo scanner is moved in an opposite direction to the cantilever during
indentation. The effect of this correction is seen in Fig. 3.2. The expected triangular
shape of the indent crater is seen in Fig. 3.2 (b) with an appropriate correction. Under-
correction (Fig. 3.2 (a)) results in increased pile-up at lower and right indent edges, and
pitching of the cantilever such that the laser spot moves opposite to the direction of
normal deflection. This counter-effect results in deeper indents with higher forces
despite equal or less cantilever deflection. Alternatively, over-correcting results in

smaller indents at the same deflection setpoint as in Fig. 3.2 (c).

Instead of indenting with a correctly aligned cube corner we deliberately misalign the
cantilever by altering the piezo scanner correction. As AFM indentation curves are

almost always qualitative rather than quantitative as described in section 1.5.2, and

Fig. 3.2: Effect of scanner tube motion during AFM indentation. Lateral motion of the scanner

tube during indentation to correct for cantilever ploughing of the surface due to cantilever
vending or coupled motion in Z axis. This motion is contained within “x rotate” parameter
measured in degrees in software. (a) — (c): Indents to the same nominal setpoint of 0.35 mN with
varying x rotate parameter of 0, 12 and 20° respectively on aluminium.

94



since the applied force is poorly known in these AFM indentation experiments especially
since we deliberately misalign the cantilever resulting in incorrectly defined deflection
setpoints and hence inaccurate forces, we do not include AFM load-displacement
curves here. This misalignment creates elongated indents rather than equilateral
triangle indents, which increases the torn length of graphene from each indent. Instead
of =0.2 um, indent side lengths of 0.3 — 0.5 um are obtainable, which potentially
provides a long enough initial tear length such that the exchange of adhesion energy of
the total area of graphene that would be folded can overcome tearing, sliding and strain
energy of the fold. However, this alone is typically not observed to be sufficient to
nucleate ribbons. We therefore also incorporate aspects of AFM cutting experiments,
whereby contact mode imaging at elevated setpoints is applied around newly cut
graphene. While this can also prove effective in nucleating ribbons from graphene cut
by AFM indentation, the elevated setpoints in contact mode typically result in damage
to any newly formed ribbons and to the host graphene sheet, making contact mode

unreliable in this purpose. Instead, we apply tapping mode.

A major advantage of tapping mode over contact mode imaging is that contact is
intermittent rather than continuous and that setpoints can be as low as 0.1 nN. This
absence of dragging shear differentiates this from experiments producing graphene

nanoribbons by tearing® and simple pushing by AFM tip during contact scanning®8?,

These factors can minimise damage and wear of both the tip and sample. Here, a
setpoint of 0.5 —5 uN is instead applied, which we dub “hard tapping” as setpoints are
2-3 orders of magnitude higher than typical of this imaging mode. Hard tapping is
applied using a monolithic silicon Nanoworld NCL AFM probe (spring constant of 48
N/m, resonant frequency of 190 kHz). This cantilever was chosen from requirements for
a higher spring constant to allow higher tapping setpoints and a tip radius of < 8 nm to
allow sufficient resolution for imaging both during and after hard tapping even if tip

blunting occurs during hard tapping as a result of the high peak forces applied.

An elongated indent by this method on mechanically exfoliated graphene/SiO2 is shown
in Fig. 3.3 (a), while the inset shows the equilateral triangle shape expected of a cube
corner indent. Large amounts of silica substrate pileup are associated with this
ploughing, though some small areas of folded graphene are also observed around the
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indent. A successful ribbon nucleation is observed in Fig. 3.3 (b) following application of
hard tapping to a similar indent. Hard tapping can be applied over large scan areas
covering many indents simultaneously, with all ribbon growth on this sample occurring
after only 20 minutes of applied hard tapping imaging at 1.3 uN setpoint. With regular
arrays of indents, many ribbons formed nucleate from either of the two longest edges
of the indent’s kite-like shape. With ribbon growth occurring largely perpendicular to
these kite edges, many of these indents appear parallel but can grow to varying final

widths. In one instance in (c), a ribbon tapers to a point with the ribbon itself then

Fig. 3.3: Ribbon nucleation by AFM indentation and “hard tapping”. (a) Sample elongated
indent with indent from cube corner tip inset bottom left. (b) A single sample indent in single
layer mechanically exfoliated graphene. (c) High yield of ribbons from AFM indentation with
“hard tapping”, even in the presence of extensive uncharacterised surface contaminants,
indicating robustness of this method. Total linear z scale: 10 nm for (a), 4 nm for (b) and (c).
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transported across the underlying graphene sheet. The presence of uncharacterised
contaminants on the graphene surface in Fig. 3.3 limits determination of the
crystallography of the host flake by inference of the armchair direction from the stripe
orientation. Furthermore, straight flake edges at clear n x 30° intervals are also not
observed to infer orientation from such edges (which would likely be either armchair or
zigzag). The lower torn edge of all ribbons growing towards the top-right corner of (c)
for example feature a common direction of 30.5 + 0.8°. However, the directions of the
corresponding upper torn edges of these ribbons are not aligned, with taper angles
varying from 7° to 19°. Assuming that the lower edge is in fact aligned with a
crystallographic direction, 4 further torn edges in (c) are measured at n x 30° from that
direction, with standard deviation of all of these torn lines of only 0.8°. We will further
consider the influence of the crystallography on torn edges in section 3.2.2 in instances
where crystallography can be precisely derived from stripe direction. More complex
tearing and peeling than the typical AK “bowtie” shape is also observed in (c), with some

ribbons nucleated from the torn edges of other ribbons for example.

This combination of AFM indentation with deliberate ploughing of the sample to
maximise torn graphene length and hard tapping of the resulting indents reliably results
in nucleation of high yields of ribbons. We stress that all steps of this nucleation can be
performed solely using standard AFM techniques, hugely increasing the potential for

auto-kirigami research.

This method can also be applied to indents produced by 1D or 2D nanoindentation
which previously were unsuccessful in nucleating ribbons. In Fig. 3.4 (a), 2D
nanoindentation had been performed on a 7-layer mechanically exfoliated graphene
sheet. In both examples, small, folded tabs are formed around the indents with lengths
of up to 0.5 um. Hard tapping imaging of the entire scan area is applied at increasing
setpoint intervals of 0.5 uN from 0.5 puN to 2.0 uN with 4 scans per setpoint. No effect
is observed in either instance up to 1.5 uN, while upon first application of the 2 uN
setpoint ribbon growth occurs immediately (Fig. 3.4 (b)). Both edges of the ribbon are
observed throughout this growth, with each AFM image requiring over 4 minutes. If
ribbon growth here occurred purely by the thermodynamic, interfacial force

mechanism on timescales much faster than AFM imaging, with hard tapping only
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inducing initial tearing at the indent edge, we would expect to observe the final
structure as in (c) immediately rather than the intermediate stages of growth seen in

(b).

Furthermore, from Fig. 3.4 (b), the width of the growing folded graphene varies from
0.6 to 0.8 um, with final maximum width of the ribbon of 0.8 um. These are all
substantially greater than the actual final fold width of 0.3 um. This strongly indicates
that in (b), we are not imaging the final ribbon but instead are only seeing the ribbon
head being “dragged” along by the tip. In this instance and other applications of hard
tapping, ribbon growth does not occur beyond the edges of the scan in which hard
tapping is applied. However, we emphasise that this is a non-contact mode such that
the ribbon is not truly dragged by the tip. Instead, we suggest two contributions of the
tip to this growth. Firstly, mechanical energy is transferred from the oscillating AFM tip
to the graphene. We can place an upper bound on this by considering the energy
dissipation channel of PFQNM. Extracting dissipation during uN setpoint proves
unreliable due to large ringing of the cantilever which prevents a reliable zero-force
baseline being established. Instead, we can consider a more typical setpoint reached
during PFQNM imaging with a stiff cantilever of 100 nN (as in Fig. 3.4 (c), after hard
tapping) where this distortion is minimised such that a value of dissipation can be
extracted, though this will underestimate energy dissipated at higher setpoints
substantially. Here, an average dissipation per pixel of 0.76 keV, or 1.22 x 107® J is

obtained. The length along either of the torn edges in Fig. 3.4 (c) is 4.65 um, or 99 pixels.

Fig. 3.4: Ribbon nucleation and growth assisted by AFM hard tapping. Red arrows indicate AFM
slow scan direction. (a) Short, folded tabs and ribbons (up to 0.5 um length) are observed on a

7-layer mechanically exfoliated graphene sheet, with no change with hard tapping setpoint up
to 1 pN. Increasing the setpoint to 2 uUN immediately results in ribbon tearing and folding of
bottom right indent, alongside minor extensional growth of lower left and upper right indents.
Final ribbon (c) extends to 5 um length. Total linear z range: 12 nm in (a) — (c).

98



From this, we can calculate a maximum energy dissipated resulting in either torn edge
(along that edge) of 2.57 x 10° ) m is derived. While all energy dissipated per oscillation
cycle should not be expected to be transferred perfectly to bond breaking required for
tearing graphene, this also represents an underestimate of energy dissipated due to the
lower setpoint used. Nonetheless, we note the relative similarity of this value (2.57 x
107 J m') and the line energy for torn graphene of 1.67 x 10° ) m derived by Rusanov

et al°®.

Furthermore, comparing the final shape of the ribbon in (c) with intermediate structure
in (b) shows that, beyond the position of the fold, the ribbon is not growing
symmetrically but is in fact twisted towards the lower edge, with the intermediate
upper edge accurately reproducing the final position. Ribbon growth therefore occurs
asymmetrically and incrementally with each scan line. This also demonstrates that hard
tapping is not simply overcoming an initial energy barrier to nucleation with the self-
driven growth mechanism then taking over. Instead, it appears that the growing ribbon
is being pushed along every scan line, with hard tapping apparently supplying the

required energy.

We also test the effect of removing hard tapping in Fig. 3.5 (a) and (b). Initially, only a

small ribbon (growing to the right) is observed, which grows upon application of hard

Fig. 3.5: Ribbon growth ceases in absence of hard tapping. (a) A ribbon of 0.3 um length was
nucleated by 2D indentation in 7-layer mechanically exfoliated graphene. (b) Application of hard

tapping at 2 uN again results in graphene tearing and folding as in Fig. 3.4. However, upon
reducing the tapping setpoint from 2 puN to 50 nN during capture of a single scan, as indicated
by red dashed line, ribbon growth immediately ceases. Total linear z range: 9 nmin (a) and (b).
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tapping at 2 uN in (a). The setpoint is sharply decreased from 2 uN to 50 nN at the scan
line indicated by red dashed line in (b), resulting in ribbon growth immediately stopping.
The resulting ribbons in Fig. 3.4 and Fig. 3.5 both show typical tapering of the ribbon,
indicating that the effect of minimising fold strain leading to a reduction in width of the

ribbon with growth is still applying.

We can also apply AFM indentation and hard tapping to very thick (>100 layer) graphite
flakes. By Annett et al.’s model describing ribbon growth discussed in full detail in
section 1.6%, ribbon growth is thermodynamically self-driven by a net interface tension
w AW =w - (Wyrgr — Wyrs) for ribbon width w and works of adhesion between
graphene-graphene and graphene-substrate Wy,g- and Wy.s respectively. However, for
increasing number of graphene layers, graphene-graphene adhesion energy becomes
smaller'® while graphene-substrate adhesion remains constant. Total graphene
rupture energy n - 2Ac for n layers with rupture energy per unit length A with tear length
c will also increase with layer number, as will fold strain energy with increasing length
of unadhered graphene in the fold®. With decreasing driving force and increasing
resistance, the graphene folding required for ribbon growth becomes unfavourable on

increasingly thicker graphene flakes.

However, combined with hard tapping at sufficiently high setpoints, nucleation and
sustained growth can be induced nonetheless. In thick samples, rather than graphene
peeling from the SiO; substrate, the ribbons emerge from within the graphite flake such
that a thermodynamically favourable exchange of graphene-substrate for graphene-
graphene adhesion is no longer present. This “graphite auto-kirigami” requires much
higher tapping setpoints for nucleation to occur: 0.5 — 1.5 pN setpoints are sufficient to
nucleate in few-layer graphene, while 3 uN setpoints are required on a 12 nm thick
flake, 4 uN on a 24 nm thick flake and 5 uN on a 58 nm thick flake (Fig. 3.6 (a)). In the
examples of ribbon nucleation on graphite demonstrated in Fig. 3.6 (a) and (b), multiple
steps are observed on the ribbon and peeled areas, with maximum thicknesses of these

ribbons (nucleated on separate flakes) of =35 nm.

In a =27 nm thick graphite plate pictured in Fig. 3.6 (c) and (d), ribbons of varying sizes
are observed. Ribbons with the largest areas are also the thickest, with thicknesses of
14-15 nm while the smaller, narrower ribbons are thinner at 5.2 — 5.6 nm thickness

100



despite hard tapping being applied equally across the scan area. This suggests that an
energy threshold for tearing (overcome by the energy dissipated by the probe’s
mechanical oscillations) which must be reached for nucleation to occur in thick samples
cannot alone describe this nucleation. The crystallography of the graphite plate can also
be considered. Liu et al. proposed a “stone wall” polycrystalline HOPG structure,
whereby the self-retraction phenomena of their graphite mesas occurs along a slip
plane??, illustrated in Fig. 3.7. This slip plane by chance occurs where the top and/or

bottom edges between the “stones” in this wall in the z direction align without locking.

Height (nm)

Fig. 3.6: Auto-kirigami ribbon nucleation within thick graphite without the involvement of
substrate adhesion. (a) and (b): Sample ribbons nucleated in 58 and 71 nm thick graphite plates,
with height profiles overlaid along marked red line one each. Ribbons thickness on each is =35
nm, such that ribbons peel from tens of nanometre thick graphite rather than from SiO;
substrate. Ribbons nucleated on graphite by this method often are not uniform thickness
throughout the ribbon, with multiple steps as clearly seen in height profile of (a). A minimum
“hard tapping” setpoint must be reached for nucleation to occur, with all nucleation in (c)
occurring during the first scan at 4 uN and none at lower setpoints. However, maintaining this
setpoint for multiple scans results in widespread damage to ribbons and their edges, with
damage in (d) captured after only a further 10 minutes of continuous scanning following (c).
Non-linear adaptive colour scale in (a) over 100 nm, total linear z-scale of 70nm in (b) and 14 nm
in (c) and (d).
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The varying depth across the
ribbon, with at least 8 steps present ‘ ‘
in Fig. 3.6 (a) alone within a length ‘ NN

of less than 500 nm, may suggest

that ribbon growth in graphite can Fig. 3.7: “Stone wall” model of self-retracting

motion in HOPG graphite mesas. Reproduced from
occur with neighbouring “stones” of 29,
different depth contained within

the ribbon. However, the size of the crystallites in this sample is unknown.

We therefore suggest that an adhesion exchange remains an important aspect of this
folding in graphite. Ribbons with greatest initial widths will have the largest areas and

therefore largest AW, which can overcome sliding and tearing resistances.

3.2.1 Ribbon nucleation on non-graphene 2D materials

Thus far in this thesis and other published works, auto-kirigami ribbon growth has been
observed only on graphene. According to our continuum energy balance model
described in section 1.6, providing that 2D material self-adhesion energy is greater than
2D material to substrate adhesion energy, and that this surplus can in turn overcome
tearing and sliding resistances, it should be possible for auto-kirigami ribbon growth to
occur in other 2D materials as well. Here, we conduct exploratory tests to attempt to
verify this conjecture. The focus in this section will be on mechanically exfoliated 2D

MoS,, while nucleation in other CVD formed 2D materials is considered in Chapter 4.

Mechanical exfoliation of MoS; from MoS; natural crystal (0.7 cm? area with purity
>99%, Graphene Supermarket) proved much more challenging than graphene
mechanical exfoliation. Maximum few-layer MoS; flake sizes of =100 pum? were
obtained in very low yields. While these flake sizes are in line with other reports of
mechanically exfoliated MoS; by this method84-186 this severely limited our ability to

perform large numbers of indents on such samples.
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We note that alternative methods exist for transfer of larger areas of monolayer MoS,,
as well as other 2D materials, from bulk. Desai et al. demonstrated exfoliation of ultra-
large (lateral dimensions up to =500 um) monolayer MoS; for example by gold-
mediated exfoliation'®’. In this method, they evaporate a thin layer of gold (100-150
nm) onto a target TMDC bulk crystal. Attaching and then peeling thermal tape from the
gold layer results in transfer both of the evaporated gold and a strongly adhered MX;
monolayer. The tape/gold/MX is brought into contact with the target substrate, where
the tape is thermally released and the gold layer etched, resulting in monolayer MX; on
the target substrate. The thin gold layer crucially induces strain in the single topmost
layer of the MX,, weakening bonding between the topmost and underlying layer,
resulting in transfer only of a monolayer!®. Rather than directly applying thermal tape
to the gold/MX; stack, a thick patterned photoresist which is in turn contacted with the
thermal tape can allow for transfer of 100+ areas of up to 10* um? areas in a single
transfer'®. Mechanical exfoliation of 40 2-dimensional monolayers with mm lateral
dimensions has also been demonstrated onto Au (2nm)/Ti (2 nm)/SiO2/Si substrates'®®
following the same principle. While these methods were not here applied for our initial,
exploratory testing of the possibility of nucleation on MoS,, we anticipate the capability

that they offer of attaining much greater statistical weight in future testing.

However, similar to graphene exfoliation, much higher yields of large area, thicker bulk-
like MoS; are also produced. We therefore also indented on areas of thicker MoS; to
attempt to nucleate ribbons using indentation and hard tapping as on graphite in Fig.

3.6.

With the much greater quantity of bulk-like MoS; compared to few-layer MoS,,
indentation experiments were performed on these samples first. 50 indents were made
on two separate bulk-like MoS; samples (25 each on 157 nm and 176 nm thick MoS;
samples) by AFM-based indentation. No ribbons were observed after indentation alone,
so hard tapping was then applied to each array of indents in setpoint increments of 1
UN up to 5 uN with 4 scans per setpoint over a 30 um scan size at 256 x 256 pixels, or
=0.12 um per pixel. Although this resulted in the removal of any pile-up material, ribbon
nucleation was not observed in either case. The half-bowtie shaped peeled areas

characteristic of ribbons (with depths up to =25 nm) were observed although ribbons
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were not. These apparent peeled areas had widths of = 0.2 — 0.4 um. Tip bluntness due
to the high setpoints reached reduced image quality further. We therefore suspect that
ribbon nucleation may in fact have occurred successfully in these instances, but that
any ribbons nucleated during hard tapping were also destroyed by the hard tapping
process and could not be adequately imaged during hard tapping due to the image pixel

size (only 2-4 pixels per ribbon) and tip bluntness.

Limited successful ribbon nucleation was observed on few-layer MoS,. AFM-based
indentation and hard tapping was performed on a 1-layer and a 3-layer MoS; sample,
with areas of only =20 pm? and =50 um? respectively. Given these small areas, only 6
indents could be positioned on the former and 10 indents on the latter. Nucleation was
not observed in either case with indentation alone. With application of hard tapping as
on the thicker MoS; samples, limited folding and ribbon nucleation was observed, as in
Fig. 3.8. On the three-layer sample around a single indent in Fig. 3.8 (a)-(c), no
nucleation was observed over 4 scans at 4 pN setpoint, though some tearing occurred
around the indent ((a) being the last of these 4 scans). A single hard tapping scan at 5
UN immediately results in ribbon growth however as in Fig. 3.8 (b), with ribbon direction
indicated by red arrows, while a further scan at this setpoint in Fig. 3.8 (c) causes the
larger ribbon to fold over itself and the smaller to be apparently destroyed. We note
that the jagged edges of indents in (a)-(c) is simply a digital zooming artifact, with this
artifact not observed in higher resolution images featuring indents on the same sample
in (e) and (f). This supports our previous suggestion that ribbons may have formed
during hard tapping at 5 uN on bulk-like MoS; but were destroyed before they could be
imaged with a higher resolution scan. The hard tapping to nucleate the ribbons in Fig.
3.8 (a) - (c) was performed with a scan size of only 8 um, or a nearly four-fold increase
decrease in pixel size compared to the bulk-like MoS; case, allowing these ribbons to be
imaged during hard tapping. Further ribbons can be observed in Fig. 3.8 (d), with higher
resolution images of the purple and blue dashed outlined areas of (d) shown in (e) and
(f) respectively. The ribbons in (d)-(f) were formed following only 1 hard tapping scan at

5 uN such that damage observed in (a) — (c) did not occur.
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Due to the extremely limited sample area to create ribbons in MoS,, it is difficult to
extract significant insights into auto-kirigami in this material more generally. A majority
of these ribbons have very small fold widths compared to typical ribbons in graphene,
ranging from =50 nm (Fig. 3.8 (e)) to =170 nm (Fig. 3.8 (b)). Over the short lengths that
these ribbons grow to of = 0.3 — 0.4 um, there appears to be very little tapering of the

ribbon. The exception depicted in Fig. 3.8 (d) has a fold width of =450 nm, though grows

to only 0.25 um in length.

<

| S

Fig. 3.8: Ribbon nucleation by AFM indentation and hard tapping on single-layer MoS:. (a)
Three-layer MoS; following hard tapping at 4 uN setpoint sufficient to cause some tearing but
not ribbon nucleation, (b) the same indent following one scan at 5 uN setpoint at which small
ribbons are immediately observed and (c) damage to and folding of ribbons in a single further
hard tapping scan at 5 uN. Jagged edges of indents in (a) —(c) result from pixelation due to
cropping from larger source AFM image. (d): Ribbons nucleated by a single hard tapping scan at
5 uN setpoint without severe damage from additional scanning. (e) and (f): Higher resolution
images of successful, relatively intact ribbons in areas highlighted in purple and blue dashed
lines in (d). Total linear z scale: 10 nm in each.
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Although extensive and reliable nucleation of ribbons in MoS, has not yet been
demonstrated, this nonetheless represents the first instance of ribbon nucleation in a
non-graphene 2D material. This suggests the possibility that ribbons can be nucleated
in a wider range of 2D materials, with hBN and graphene-hBN heterostructures
considered in Chapter 4. With commercially available hBN crystals ranging from 0.5 —
1.5 mm in size, mechanical exfoliation could not be successfully carried out at a
reasonable scale with this material following Huang et al.’s method of mechanical
exfoliation incorporating an annealing step** used throughout this work. We note that
other reports of hBN micromechanical cleavage report thinnest areas of 6-layers with
lateral dimensions of those areas of less than 10 um®®? or 1- and 2-layer with lateral
dimensions less than 5 um3!. Tuneable, millimetre-scale exfoliation of 1-7 layer hBN has

also recently been reported using metal-assisted exfoliation®2.

3.2.2 Crystallography of the torn edges of auto-kirigami ribbons

As briefly noted in section 1.2, Neubeck et al. in 2010 reported that mechanical
exfoliation often produces flakes with apparently straight terminating edges at
microscopic resolutions'®. These edges are often oriented at (n x 30°) intervals to one
another (for some n € Ng), with Neubeck et al. determining by STM and Raman imaging
that such edges predominantly follow either the armchair or zigzag direction of the
graphene sheet. As discussed in section 1.6, this result was exploited by Rode et al. and
Bockhorn et al. for example to determine the twist angle between graphene folds and
host flakes®>193193 By geometric arguments, they derive the twist angle by
measurement of the angle between a straight, terminating edges of a flake (assumed

to be either armchair or zigzag per above) and the fold itself.

From our observations of hundreds of mechanically exfoliated graphene flakes optically
and a subset of tens of those by AFM, unambiguous straight graphene edges with
regular (n x 30°) spacing are not commonly observed. Furthermore, graphene edges are
very rarely perfectly armchair or zigzag, with sections of armchair on zigzag edges and

vice versal®>1%4, with this determination beyond the resolution of ambient AFM. Possible
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lattice reorientation due to the presence of grain boundaries in a flake would also
entirely obfuscate efforts to derive twist angles by this method. Requiring such
unambiguous straight edges to derive only twist angle (with no insight into whether an
edge is specifically armchair or zigzag, only that it is either) would impose a severe
limitation on our supply of exfoliated graphene flakes. We therefore view this as an
inadequate method to generally derive twist angle, and it is inherently incapable of
allowing even inference of whether a crystallographic direction is armchair or zigzag.
This distinction has been shown to influence for example graphene edge energy®®® and
chemical reactivity’®® which in turn can result in friction at zigzag edges being two orders
of magnitude greater than friction at armchair edges and reduced durability of zigzag

edges®’.

Alternative methods to determine edge crystallography such as lattice-resolved AFM or

Raman are available, but time-consuming. Instead, we can readily infer not only twist

angle but crystallographic orientation from our observations of stripes on graphene.

B SRS «s

Fig. 3.9: Assessment of ribbon edge crystallography from stripe direction. Edges are indicated
by red dashed lines and stripe direction by blue dashed lines. Armchair direction in (a) is inferred

from the stripe direction determined from zoom-in of green highlighted area on ribbon in main
of (a) inset in top right of (a). Error in stripe direction is calculated as angular radius of bright
spotsin 2D FFT of stripes, further inset in (a), with 9.0° £ 1.5° here. Direction of lower right ribbon
edge is measured as 68°, so differs from stripe direction by n x 60° and is therefore armchair. In
(b) where two stripe directions, differing by 60°, are seen on the ribbon, neither differs from a
ribbon edge by n x 30° so neither are armchair or zigzag. Total z-scale: 2 nm in (a), 1.5 nm in (b).
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As discussed in section 2.3, adsorbates quickly self-assemble into regular stripe patterns
on freshly exposed graphitic surfaces in air, oriented along the armchair axis of the
sheet. This allows for graphene crystallography to readily be determined by high-
resolution PFQNM imaging in ambient conditions. Using this method, we performed a
survey of ribbons nucleated on few-layer graphene to determine the alignment of torn
graphene edges relative to the host sheet’s crystallography as derived from stripe

direction.

Our analysis is mildly complicated by the waviness seen in some stripes (see Fig. 2.1 for
example). Edge direction is simplified as a straight line between ends of the folded
peeled substrate area nearest the indent and the fold. Stripe direction is determined as
the centre of the relevant peak in a 2D Fast Fourier Transform of the relevant area, with
radius of the peak assigned as the error of this direction as in Fig. 2.2. Edges are
considered armchair where these ranges of stripe and edge directions differ by
specifically n x 60° and zigzag where they differ by 30° + (n x 60°) for n € No. An example
of this assessment for an armchair edge and for neither is shown in Fig. 3.9. This data is

summarised in Fig. 3.10.

Beyond Annett et al.’s energy minimisation model®%, we may expect graphene rupture
to be further influenced by the direction of lowest bond-breaking dissipation energy.
Kim et al. calculated the direction-dependent work of fracture in graphene by a
molecular dynamics simulation ReaxFF force field. They found that crack propagation
should occur predominantly along either armchair or zigzag direction rather than
intermediate directions!®®. They also observe twice as many tears aligned along the
armchair direction compared to the zigzag direction by TEM in suspended monolayer
graphene. However, graphene auto-kirigami ribbons also typically have a constant taper
angle. In one dataset of 52 ribbons on a single mechanically exfoliated bilayer graphene
for example, a range of taper angles of 4-20° is observed with mean taper angle of 13°.
With all values here below 30°, even if one torn ribbon edge is aligned along the
energetically preferred armchair or zigzag crack directions, the other edge cannot be as
it is offset by 4-20° from the first. This could give rise to more complicated tearing

behaviours to minimise rupture energy across both tears, which we examine
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experimentally here. Assuming stripe adsorbate correlation to graphene sheet lattice
orientation, we have surveyed the tearing edge crystallographic orientation of 31
ribbons formed in 14 distinct mechanically exfoliated graphene samples of a few layer

thickness.

Ribbons in this survey were produced both by SASIN and by AFM indentation followed
by hard tapping. In ribbons nucleated by SASIN, approximately equal proportions of
ribbons are nucleated with one armchair edge as with one zigzag edge (and none with
both edges along a crystallographic direction). Approximately half as many as either
case do not have edges aligned along either crystallographic direction. However,
considering only those ribbons nucleated by AFM indentation followed by hard tapping,
no ribbons are observed with edges along an armchair or crystallographic direction. We
speculate that a combination of the direction of the lateral shear, small angular
variation in alignment of the faces of the Berkovich tip arising from slight variations in
tip mounting and graphene crystallography may all contribute to the preferred tearing

directions of the ensemble in Fig. 3.10.

This supports our claim that nucleation by hard tapping does not occur only due to the

self-driving mechanism of adhesion energy exchange described by Annett et al. As

previously observed, 16 . . ,

Il AFM-based indentation

ribbons nucleated by hard 147 il 2D indentation

tapping appear to grow in 124
directions defined both by 104
slow scan axis of the hard % 8
tapping  imaging  and ° 64
perpendicular to the 4]

elongated indent edges. 5

We suggest that the

L. . Armchair edge Zigzag edge Neither
energy minimisation Ribbon edge crystallography

achieved by tearing a|ong a Fig. 3.10: Crystallography of ribbon edges by AFM-based
indentation and by SASIN. Nearly equal proportions of ribbons
are observed with one armchair or one zigzag edge, though
direction is negligible ribbons with both edges not aligned to any crystallographic axis
are most common.

specific  crystallographic

compared to the energy
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transferred by the AFM tip, and hence is not observed here. This also supports our
assessment of hard tapping continuously providing driving energy for growth rather
than simply “unsticking” a ribbon which may have become pinned by contamination or

a defect for example.

3.3 Graphene Rupture during 2D Nanoindentation

Thus far, we have discussed indentation only in the context of using this approach to
rupture graphene sheets, nucleating ribbons where small amplitude, lateral oscillations
are applied during nanoindentation at a high frequency compared to the indentation
time. While nanoindentation was originally applied primarily for hardness testing®819°
and then elastic modulus extraction in sub-micrometre scale volumes”’, it can also be
used to test material microstructures, creep, fracture toughness, friction and wear
properties among others for example. In our 2D indentation testing, we will primarily
consider lateral indentation data to extract information on graphene rupture as well as
ribbon nucleation. All 2D indentation is performed using the Gemini system described

in section 1.5, following procedures also described there.

Firstly, we consider the influence on indentation signals when introducing a single layer
thickness graphene sheet to a silicon wafer with a 300 nm SiO; thermal layer in Fig. 3.11.
Only very minor difference is seen between load vs. sample depth penetration curves
whether single layer graphene is present or not as illustrated for selected curves in Fig.
3.11 (a). The graphene sheet also does not appreciably affect vertical small amplitude
contact stiffness (Fig. 3.11 (b)), or any other measured parameter measured in the
vertical axis not shown here (such as damping or dynamic displacement or the raw
measurement parameters of amplitude and phase?®, from which the contact
stiffnesses are derived). In contrast, very different behaviour is observed in the early
stages of indentation for the lateral contact stiffness signal per Fig. 3.11 (c) between the

two surface conditions. In the case of bare 300 nm SiO2/Si, a local peak in the small
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amplitude (1 nm) lateral oscillatory contact stiffness is observed at 0.7 nm depth,
thought to be associated with the slight rounding of the peak of the pyramidal Berkovich
tip which is most pronounced at such shallow depths. The lateral stiffness then grows
linearly with depth up to 100 nm. With the introduction of even a single graphene layer,
a much slower increase of lateral contact stiffness with depth is seen up to a depth of
11 nm in (c), where a sudden increase occurs over a depth of only =0.5 nm. Following
this point, the lateral contact stiffness of the SLG/SiO; largely follows that of bare SiO..
The starkly lower lateral stiffness before the jump-up point is attributed to dry
lubrication of the contact by the graphene sheet. The slope of lateral stiffness with

penetration increases three-fold in the 10 nm after this point compared to before.
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Fig. 3.11: Indentation via a 2D nanoindenter of 300 nm SiO,/Si substrate with and without
mechanically exfoliated single layer graphene on SiO,/Si substrate. (a) Load-displacement
curves for indentation on bare SiO, and SLG/SiO,. Both curves are also similar for vertical contact
stiffness, but a clear difference is present in lateral contact stiffness (c). Zoom to first 30 nm
depth (inset top left of (c)) of SLG/SiO, shows very low lateral contact stiffness up to a depth of
11 nm, at which lateral contact stiffness suddenly increases.
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Fig. 3.12: Variation of rupture depth with graphene layer number. A

tearing of the general trend of increasing rupture depth with layer number is

graphene sheet, observed.

while  torn  and

punctured graphene is found in AFM images of indents following the lateral stiffness
jump. We note that no feature can be seen at the critical 11 nm point in any normal

direction signals that a traditional nanoindenter would measure.

Having characterised this sudden increase in lateral contact stiffness as graphene

rupture, we can use this to examine factors that influence rupture in graphene.

Fig. 3.12 summarizes the dependence of rupture depth on layer number. Here, every
point represents the average rupture depth of an array of indents on different
mechanically exfoliated graphene flakes. All arrays of indents are performed with
identical indentation parameters, including oscillation frequencies (129 Hz in normal
and 85 Hz in lateral direction) and amplitudes (3 nm in normal and 0.5 nm in lateral
direction), which were rapid compared to the overall indentation strain rate of 0.02 s,
Errors bars in Fig. 3.12 are chosen to encompass the maximum and minimum rupture

depth of the respective flakes represented by their mean rupture depth.

The naive assumption of a linear fit as presented in Fig. 3.12 does not model the data

well with a R? value of only 0.58. Instead taking the average rupture depth of all indents

across different graphene layer numbers and using the standard deviation as error, a

much better linear fit with R? value of 0.83 is obtained. This is largely attributed to data
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for two-layer graphene which acts as an outlier here, with an improved R? value of 0.994
where two-layer graphene is not considered (noting however that each data point in
Fig. 3.12 represents the average rupture depth of an array of indents on a single flake,
not for an individual indent). A number of factors influence the total number of indents
in each category. Varying graphene flake sizes limits the number of indents that can be
performed on a single flake. Some data must be discarded as an indent may be
positioned in the peeled area of a ribbon nucleated by a previous indent in the same
array (or on a ribbon nucleated by an indent of the same array, effectively doubling
layer number). Furthermore, layer number was determined by AFM after indentation
rather than before indentation. This was selected as layer number can be most reliably
determined by AFM from folded areas of graphene i.e. ribbons produced by indentation
rather than by surveying flakes with AFM beforehand to use substrate-flake separation
as an indicator of layer number. These factors can therefore unintentionally result in an
unequal distribution of indents with layer number. For 1-, 2-, 3- and 4-layer graphene
in Fig. 3.12 (a), 15, 8, 22 and 23 total indents were counted for each respectively. Bilayer
graphene is therefore under-represented in this dataset. Even though two samples
tested were 2-layer and two 4-layer, the 4-layer flakes were of much larger area so more
indents could be performed on this sample. This underrepresentation of bilayer
graphene may account for this layer number acting as an outlier in this rupture data, as
we do not recognise a physical basis for a non-monotonic increase of rupture depth

with layer number.

Variability of the rupture depth is observed both for different flakes and within a single
flake as indicated by error bars associated with each data point. Alteration of the
contact stresses due to degradation of the Berkovich tip shape with extended use is not
expected as all indentation data for Fig. 3.12 was taken in succession over a period of 5
days Similarly, environmental conditions such as humidity are expected to have been
largely stable. We have also considered whether the location and positioning of indents
may affect the rupture depth. All indents in this survey were to 10 mN peak load,
resulting in a residual plastic deformation crater of =120 nm depth (Fig. 3.11 (a)).
Indentations in this work are routinely positioned 5 um apart, well over the

recommended indent spacing of 10 times the indentation depth8? (or 1.2 um here)
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beyond which distance the effect of plastic deformation associated with an individual
indent is negligible upon neighbouring indents. It is not clear whether indent-to-indent
influence might be transmitted through the graphene layer(s) (by for example tensile
strain induced in the sheet by indentation) at this indent spacing. This was tested by
considering rupture depths of indents specifically in 2-dimensional arrays (i.e. where
indents are laid out on the surface in a rectilinear pattern with uniform spacing in both
axes). Indents were grouped by their number of nearest-neighbours and next-nearest
neighbours (along diagonals only) indents previously performed in an array. Using
nearest neighbours as a proxy for a potential indentation-induced strain in the ribbon,
no correlation was found with rupture depth. Similarly, indent location on a flake was
considered in terms of a “body” or “edge” location within the host flake. Edge locations
were defined as being within a variable arbitrary percentage of the flake size from the
edge (e.g. choosing 10% on a square 50 um x 50 um flake would count any indent within
10% x 50 um =5 um of a flake edge as being in an edge location) with all others being
“body”. This was examined as pinning sites on flake edges could affect sheet-sheet or
substrate-sheet sliding at pre-rupture depths. However, again no correlation was
observed with rupture depth. While we will later discuss a possibility of non-negligible
variation of graphene-substrate adhesion energy across a flake, we do not currently
identify any other plausible parameters which could account for the scatter in rupture
depth both within and between graphene sheets of the same layer number as indicated
in Fig. 3.12. Nonetheless, a general trend of increasing rupture depth with layer number

is maintained over 1-to-4-layer graphene.

We also note that in mechanically exfoliated samples, the absence of secondary or
further rupture points in lateral contact stiffness suggest that rupture occurs
instantaneously across all layers in 2-4 layer samples. However, these additional rupture
points may be hidden within the singular rupture point as fine structure in the gross
signal. Here we refer specifically to the peak around the local maximum immediately
following the near-vertical increase in lateral contact stiffness at the rupture point,

which is examined more closely in Fig. 3.13.
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Lateral contact stiffness and dynamic lateral displacement (the tip’s lateral oscillation
amplitude) around a representative sample rupture point are shown in Fig. 3.13 (a) and
(b) respectively. The latter is a set-point signal measured by the nanoindenter capacitive
displacement sensor and maintained electronically to a constant value by dynamic force
feedback, while the former is a derived signal consisting of the ratio of the dynamic
force to displacement amplitudes. The upward spike in lateral contact stiffness is
consistently associated with a sudden decrease in lateral displacement, although the
contact stiffness in fact appears to lag slightly behind lateral displacement at point A
(data also highlighted in red) in Fig. 3.13 (a) and (b). The width and shape of the
subsequent peaks in these signals is attributed to the electronic feedback mechanism
controlling the lateral displacement. The gain of this feedback mechanism can be
defined, where low gains alongside higher setpoint displacements can result in highly
unstable displacements over tens of nanometres of indentation depth after rupture.
Gain selected here was chosen to minimise this instability, though both set and
controlled dynamic displacements measured are the root mean square values. Even
with optimisation of this gain, controlled gain has returned only to 85% of the set value
at point B where the turning point of lateral contact stiffness after the peak is seen. The
controlled displacement returns to the set value of 3 nm (or within 1% of it) only at

point Cin Fig. 3.13 (b), at a further depth of 15.3 nm following rupture at point A.

Indentation on thicker graphene was not extensively performed in this work as the
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Fig. 3.13: Lateral contact stiffness and lateral displacement signals immediately before and
after rupture point. Points are highlighted in both immediately before rupture A, turning point
of lateral contact stiffness after rupture B and where dynamic lateral displacement returns to
within 1% of its defined value of 3 nm C.
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focus remained upon few-layer graphene in which 2D indentation has been
demonstrated to reliably nucleate ribbons, while nucleation is not observed in flakes
with layer numbers higher than about 10, perhaps due to increased strain energy of the
fold at higher number of layers. Nonetheless, we can also consider selected outliers

where higher graphene layer numbers are indented upon by chance.

Fig. 3.14 (a) shows an AFM image of a region of a mechanically exfoliated 3-layer
graphene sheet with a smaller 13-layer area on its righthand side. An array of indents
was performed on this sheet (4 of these shown in (a)), with the rightmost of these falling
upon a folded area of graphene of 13-layer thickness which was apparently formed as
part of the initial mechanical exfoliation. The indents on 3-layer graphene show rupture
points at 20-21 nm depths, consistent with the previous sample summarized in Fig. 3.12.
However, the indent on 13-layer graphene shows a rupture point at a depth of 115 nm.
This is significantly higher than the value that could be extrapolated from a linear fit of

Fig. 3.12 of 55 nm.

The low slope of lateral contact stiffness increase with depth previously observed up to
depths of =10-20 nm is here maintained to this depth of 115 nm. We emphasise that
this implies that the 13-layer graphene deformed without rupture with indentation to
a depth of 26 times its own thickness. Assuming conformation of the graphene to the
indenting tip shape during loading, a simple calculation of the projected length of
graphene adhered to the indent crater forming plastically compared to the projected
surface distance along a Berkovich indent vertex finds an in-plane uniaxial strain of 5.1%
in the graphene layer at the rupture point. This is less than the theoretical critical strain
that graphene can sustain of 32-36% along armchair and zigzag directions
respectively?°1292, Comparing the area of the graphene conformed to the tip at this
depth, a biaxial strain of only 3.7% is obtained however relative to the corresponding
area of graphene prior to indentation. This may suggest that highly local effects around
the tip may impact rupture more than strain over the entire area of graphene in contact
with both the tip and deforming substrate. Similar plastic deformation and elastic

recovery is observed across all indents in this set.
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However, this indent represents a special case. From comparison of folded edge and
straight flake edges presumed to align with a crystallographic axis, this folded graphene
should be in incommensurate contact with the main 3-layer sheet. We therefore can
consider this folded graphene as a 10-layer on 3-layer twisted stack with an
incommensurate interface present between the 3-layer and 10-layer rather than only
A-B stacking throughout. This incommensurate interface may lead to easy sliding which
could contribute to the large indentation depth achieved before graphene rupture as
indicated in Fig. 3.14. However, reproduction of this result of indentation on twisted
graphene stacks proves highly challenging to achieve. Although such twisted stacks can
be readily produced (as in ribbons for example), only in exceptional cases are folds with
areas of tens of square micrometres produced. Areas of such size are required as indent
positions on the relevant area of graphene must be chosen by eye using an optical
microscope, which combined with potential backlash of the stage limits fine control of
indent position to within a few microns at best. However, this suggests the possibility

of highly controlled studies
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considered: that rupture occurs at a critical stress when contact pressure of the tip
exceeds a threshold, or that occurs as a result of continuous atomic attrition in a kind
of wear mechanism tied to the number of oscillations experienced (which may also be
a function of contact stress tied to indentation normal load and oscillatory shear
amplitude). As a first look at this problem, two parameters are chosen to explore the
wear mechanism: lateral oscillation frequency and normal indentation strain rate for
the self-similar Berkovich tip. All tests presented in Fig. 3.15 (a) are performed on a

single graphene flake (and similarly for (b) on a separate, single graphene flake).

In Fig. 3.15, mean rupture depth at each oscillation frequency (65 Hz, 129 Hz and 250
Hz) (a) and strain rate (0.02, 0.05, 0.2) (b) are represented by red circles, with standard
deviation of the mean as the error bars, while black triangles represent individual
indents. Large scatter is still observed in each instance. We note that lateral oscillation
frequencies available are limited from 50 to 250 Hz on the 2D nanoindenter system
used. With a normal oscillation frequency of 85 Hz, it is recommended to avoid both
frequencies around 85 Hz and its overtones (to avoid coupling of the actuators) as well

as frequencies around 100 Hz and its overtones (to avoid electrical interference).

In Fig. 3.15 (a), 8 indents are presented for 65 Hz, and 9 each at 129 Hz and 250 Hz. A
mean rupture depth of 11.1 nm is observed at 65 Hz and 7.5 nm at both 129 Hz and 250
Hz. All other indentation parameters are kept constant (0.5 nm oscillation in z at 85 Hz,

3 nm lateral oscillation amplitude) and all indents were performed on the same
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Fig. 3.15: Variation of rupture depth with lateral oscillation frequency (a) and strain rate
(b). Individual data points are represented by black triangles and mean at each chosen
variable in red.
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graphene flake. Although this requirement limits the total number of indents that can
be obtained, it was judged preferable to maintain consistency within a single flake given
the scatter previously observed in rupture depths across separate graphene flakes.
Here, we interpret lateral oscillation frequency as a proxy for total distance travelled by
the tip laterally. Increased frequency will correspond to a greater number of cycles to a
constant displacement setpoint. With a constant strain rate, this in turn corresponds to
increased wear behaviour of the graphene sheet by the tip potentially leading to

rupture.

Testing of rupture depth with strain rate (Fig. 3.15 (b)) was performed with 1 nm lateral
oscillation amplitude at 65 Hz lateral oscillation frequency. 8 indents are represented at

0.02 s, and 10 each at 0.05 s and 0.2 571, with the same considerations as above in (a).

Rupture depth increases with increasing strain rate as per Fig. 3.15 (b), from 9.93 nm at

strain rate of 0.02, 10.47 nm at 0.05 and 12.22 nm at 0.2. This is fit well by a linear fit

with R% of 0.995, albeit over only 3 set values of strain rate. Strain rate is defined as 5 or

. P, . . . . .
equivalently as > With units of s%, a higher strain rate corresponds to less time required

for indentation loading. Fewer total number of oscillations can occur to a set depth at
higher strain rates, such that any effect of a wear mechanism should be reduced at
higher strain rates. As we see higher rupture depths with higher strain rates, this could
imply rupture occurring due to depth effects (higher mean contact pressure) or that the
wear mechanism cannot be applied to the same degree at these higher strain rates. A
more complex convolution of both mean contact pressure or peak contact pressure and

wear may in fact describe graphene rupture more accurately.

While the relationship of rupture depth with lateral oscillation amplitude was also
tested, this proved more complex to decouple from other indentation parameters. As
seen in Fig. 3.13 (b), a set displacement value (there 3 nm) may not be reliably reached
or maintained by the force-controlled lateral actuator during the initial tens of
nanometres of indentation depth. While this can be optimised with variation of
feedback gains for lateral oscillation, such optimisation is also highly dependent on the
set amplitude itself. As the region of most interest is often the initial 10-20 nm, applying

much lower strain rates or holding the tip at a very small indentation depth pre-rupture
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can result in significant distortions due to drift, either in the capacitive gauge and/or
thermal drift at the tip-sample interface due to different sample material and tip
temperatures. A simple method to directly study the wear mechanism would be to
simply vary the maximum load hold time at sufficiently small target depths where
rupture is not expected to occur. The tip would then oscillate at e.g. 5 nm depth for
varying lengths of time where, by the proposed wear mechanism, rupture might occur
nonetheless over longer time periods at this pre-rupture depth derived from 2D
indentation to larger depths. However, drift in indentation depth of 10-20 nm over few

minute hold periods prevented this method from being successfully implemented.

We can also take an AFM-based approach to gain insight into graphene rupture and
post-rupture tearing during 2D nanoindentation. Ribbon area can easily be mirrored
around the fold i.e. simulating ribbon reversal in a sufficiently high-resolution AFM
topography image showing the entirety of the ribbon, peeled area, and indent. We can
then examine whether graphene that had previously covered the indent area is
accounted for within the ribbon. However, there is a common complication in typical

ribbon structure that prevents more widespread application of this simple visual
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Fig. 3.16: Folding at the ribbon head. Such folding can occur over 100s nm — few
pum length scales (a) or over only 100 nm at the head of a ribbon (b). Zoom in to
area highlighted in yellow dashed lines in (b) shown in (c) and height profiles along
black and red lines indicated in (c) show various degrees of folding. In this 3-layer
graphene sheet (corresponding to height of =1 nm), height profile over brightest
area (profile 2, red) indicates folding to 15 total layers thickness. Total linear z scale
of 6.5 nmin (a) —(c).
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method: the ribbon heads almost always show additional folding which cannot readily
be deconvolved. This can occur to different extents, as shown in Fig. 3.16. Further
folding may occur over lengths of 100s of nanometres or more, typically if a growing
ribbon encounters a step barrier and folds again, reversing direction rather than
growing over the barrier. Double-folding at the ribbon head over a length of 3.7 um is
observed in Fig. 3.16 (a). Such folding can also occur over lengths of only 10s of
nanometres but may fold multiple times, as in Fig. 3.16 (b) and (c). The latter folds at
ribbon heads appear similar to the embryonic small, folded-over tabs of adhered
graphene around the indent crater described by Annett et al. as necessary for ribbon
growth to occur®. Since folds at the ribbon head as depicted in Fig. 3.16 are very

common, accurately tracing the shape of a ribbon to visually “unfold” it can prove

challenging, as even 100 nm can often represent =5-10 % of the total ribbon length.

(e)
0.02 ym

-0.10 ym

(C) 400 nm

9nm

-62 nm

Fig. 3.17: Effect of tip shape and indent crater shape on nucleated ribbons. (a) PFQNM
topography showing outlines of ribbons nucleated from an indent, with these outlines mirrored
around the ribbon folds. (b): 3D view of indent in (a). The expected self-similar equilateral-
triangle based pyramidal indent crater of Berkovich indentation is not observed here. (c) and
(d), zoom-in to the same area around the indent in (a) with differing colour ranges, shows that
this area instead appears as a plateau inside the indent with Berkovich tip shape recovered only
in small area in top left corner of this plateau. Unfolded ribbon positions in (d) also indicate that
folded graphene at ribbon heads originates from centre of the indent. 3D AFM topography of
indent with the same tip in aluminium (e) shows that the Berkovich tip has not become
damaged. Total linear z scale: 3.5 nm in (a), 50 nm in (d) and 20 nmin (e).
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Nonetheless, we can apply this method to a small proportion of ribbons for which little

to no additional folding is observed.

This method is applied in Fig. 3.17 (a) to a sample indent of an array for a standard
strain-rate controlled indentation test. Ribbons are highlighted in red, blue and green
dashed lines, with these shapes then mirrored around their respective folds to recreate
the initial location of these graphene areas. These outlines extend into the indent crater
but do not appear to entirely account for all of the previously present graphene.
However, this indent appears irregularly shaped as indicated in a 3D view in Fig. 3.17
(b), in contrast with the shape obtained from the same tip indenting in aluminium in (e).
Fig. 3.17 (c) and (d), of the same area around the ribbon but with different colour scales,
indicate that a triangular plateau is present centered in the indent crater. We are
confident that this is not an AFM artifact (due to the AFM tip being unable to track the
indent for example) as this shape is reproduced over various scan sizes, scan rates and
is also observed in contact mode. However, the Berkovich shape is recovered in the off-
centre, deeper portion of the indent in the top left corner of this plateau in Fig. 3.17 (d).
We attribute this to sliding of the tip during indentation. The positions of the ends of
the “unfolded” ribbons as indicated by coloured dashed lines in (d) agree very well with
the edges of this plateau. However, these outlines do not account for small areas of
folded graphene at the ribbon heads as seen in Fig. 3.17 (a). Estimating the contribution

of these folded areas suggests

Experiment no. 1 2 3 4
that rupture during indentation
Stages
initially occurs at the tip vertex
Loading X N4 N4 N4
rather than edge for example, as
Peak hold
edge-rupture  should result A s \/ v
Unload X X

specifically in triangular-shaped
folded graphene areas at ribbon  Oscillation on/off: v//X

heads, which is not here observed.

While the rupture point is observed during the loading portion of the indentation
experiment, it remains unclear when folding occurs. Per Fig. 3.17 (d) however, as ribbon
outlines extend into the indent crater by lengths of as much as 0.2 um, those graphene

areas should be trapped by the tip during loading and hold at peak load, and could only
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nucleate to form auto-kirigami ribbons during unloading or afterwards. To test this
hypothesis, a series of arrays of indents (25 indents each) were performed on few-layer
mechanically exfoliated graphene. In this instance, lateral oscillation displacement
could be controlled during each stage of indentation (with loading, hold at peak load,
and unloading stages selected). Indentation was performed where lateral oscillations
were applied selectively only during specific stages rather than during the entire
indentation experiment, as indicated in the table opposite. Annett et al. had previously
established that auto-kirigami occurs only in the presence of this lateral oscillation
believed necessary to form initial folded tabs around the indent. However, a highly
surprising result was observed. Auto-kirigami ribbon nucleation occurred in every
variation of this experiment, even with purely 1D indentation without oscillations in the
lateral or normal axes. Ribbon yields of 70-80% were still achieved in each instance, as
in Fig. 3.18 (a). This result was reproduced in two further series of this experiment with

300 indents in total.

This unexpected result is primarily attributed to the Berkovich tip sharpness, as revealed

by rupture depth across experiments. Previous (unpublished) 2D indentation results by
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Fig. 3.18: Ribbon nucleation with no applied oscillations. (a) A high yield of ribbons is obtained
using 1D indentation. (b) Different lateral contact stiffness behaviour is observed around rupture
using a sharper Berkovich tip (solid lines), with no slowly rising lateral shear stiffness region
before rupture and rupture at much lower depths. Representative behaviour of other,
comparatively dull Berkovich tip on bare SiO, and single layer graphene/SiO, shown in dashed
lines. (c) Successful nucleation has also occasionally been observed with AFM-based indentation
alone i.e. with no oscillations and even without applying hard tapping.
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Annett et al. using another system routinely featured rupture depths of tens to =100
nm for few-layer graphene, whereas we do not observe rupture depths greater than 30
nm in hundreds of indents on 1-4 layer graphene. As that system was primarily a proof-
of-concept build, removal and replacement of the indenter tip proved exceedingly
challenging, with the same diamond Berkovich tip used over several years. Meanwhile,
nucleation with no applied oscillation was observed only where a fresh diamond
Berkovich tip was installed in the Gemini 2D nanoindenter system. Previous 2D
indentation work described above was performed with a previously-used diamond
Berkovich tip. This tip, while it appeared suitably sharp, had a tip end radius of =80 nm
compared to an estimated tip end radius of =150 nm for the older Berkovich. Curvature
of the fresh Berkovich tip could not be resolved with AFM, suggesting that it may be on

the order of =10 nm tip end radius.

This is also supported by the lateral contact stiffness behaviour of sample
representative indents using this sharpest Berkovich tip (Fig. 3.18 (b)). With similar
indentation parameters (strain rate, oscillation amplitudes, oscillation frequencies etc)
as in experiments previously described above, rupture depths of only 1-5 nm were
measured on a three-layer graphene sample. Furthermore in Fig. 3.18 (b), the
characteristic low contact stiffness associated with lubrication by graphene before
rupture is not observed. We propose that this lubrication behaviour is not seen due to

the higher contact pressure associated with a much smaller end radius.

Annett et al. only observed ribbon nucleation where fretting by lateral oscillations
formed small, folded tabs around the indent. However, such tabs are also observed here
in Fig. 3.18 (a). This strongly suggests that another mechanism may exist for the
formation of these embryonic folds. This is also supported by observations of AFM-
based nucleation. We previously stated that AFM indentation alone is typically not
sufficient to nucleate ribbons, hence the utility of hard tapping. However, on occasion
successful ribbon nucleation is observed with only AFM indentation, as in Fig. 3.18 (c).
Where this occurs however, yields do not exceed 30-40%, while yields of =70% can be

obtained even where no nucleation was initially observed with application of hard

tapping.
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3.4 Conclusions

In this chapter, we firstly tested and reviewed methods of ribbon nucleation by AFM tip
scratching. While AFM scratching can nucleate ribbons, the low yield and poor control
makes this an unattractive option. We instead presented an alternative method of
ribbon nucleation by AFM-based indentation followed by AFM hard tapping of the
resulting indents, which can be applied in principle on almost any AFM system. Notably,
this removes the requirement for lateral shear during indentation for ribbon nucleation,
which previously has severely limited the applicability of this method. This has also
allowed for ribbon nucleation in materials where a driving interfacial force arising from
preferential adhesion of a folded structure is not present, such as in graphite and bulk
MoS,. This has also allowed for examination of buried interfaces as seen earlier in

graphene in Chapter 2.

Inference of graphene crystallography by observation of stripes, alighed with the
graphene armchair direction, indicates that while neither ribbon tear edge following a
crystallographic direction is the most commonly observed occurrence, approximately

equal proportions of ribbons feature one tear edge following either armchair or zigzag.

We also reported on a novel signature of graphene rupture observed in lateral contact
stiffness signals during 2D indentation. This readily allows for extraction of data on
parameters influencing graphene rupture without requirements of complex in-situ SEM
for example. A number of trends are observed, including a general trend of increasing
rupture depth with graphene layer number; decreasing rupture depth to a plateau with
lateral oscillation frequency and increasing rupture depth with strain rate which
collectively provide insight into the mechanics of graphene rupture. We also
determined that rupture is highly dependent on Berkovich tip shape, as expected as this
occurs at low (few nanometre) indentation depths. Auto-kirigami nucleation was also
demonstrated with no applied lateral shear in contrast to previous results by Annett et
al., attributed to sharpness of the Berkovich tip used, highlighting the significance of the

tip geometry in this process.

While the above results provide useful insights into the mechanism of graphene rupture
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under two-dimensional indentation, we acknowledge the absence of a holistic physical
model to describe this more thoroughly. The limited statistics available are due largely
to material limitations i.e. lacking sufficiently large areas of mechanically exfoliated
graphene, despite our advances in that direction. A wide array of indentation
parameters can also influence graphene rupture, including strain rate, oscillation
frequencies, and the quality of Berkovich tip itself. The complexity of this mechanism
also strongly motivates parallel simulations and modelling (using LAMMPS for example)
of this phenomenon, though this remained outside of the scope of this experiment-
oriented study. These statistical limitations strongly motivate our study of indentation
in CVD 2D materials in the next chapter, with large areas of CVD samples anticipated to
allow scaling of indents from tens currently practicable on an individual graphene flake

up to hundreds/thousands of indents.
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Chapter 4: AK formation in CVD 2D materials

4.1 Introduction

In the previous chapters, we considered only indentation of and ribbon nucleation in
mechanically exfoliated graphene samples. However, such samples inherently have a
number of limitations as a result of the stochastic nature of mechanical exfoliation,
including for example flake sizes rarely greater than 10,000 um?. We therefore are
motivated to increase sample size to enable improved statistical analysis of ribbon
nucleation and as a precursor to large-scale application of ribbons as NEMS devices. This
is here achieved by use of chemical vapour deposition (CVD) graphene and other CVD
2D materials. Furthermore, while contaminant species considered in the previous
chapter were alkane hydrocarbons of atmospheric origins, here we will examine
residual polymer contaminants on CVD materials and consider the impact that these

residues have on the auto-kirigami process, as well as our efforts to remove them.

Although mechanically exfoliated graphene features the highest structural quality of
graphene synthesis methods, limitations such as relatively small flake sizes, low
throughput in production and the time-intensive efforts necessary to identify flakes by
optical microscopy and to determine layer number for example restrict the application
of graphene to research only?%32% These limitations prove extremely detrimental to
efforts to scale up ribbon production from tens/hundreds at present to thousands or
more. Such scaling would act as a necessary step to application-based studies and would
allow greater statistical analysis of ribbon nucleation. Currently, such statistical analysis
is limited by the large number of variables to be controlled even within a single flake.
During indentation, oscillation frequencies and amplitudes in two axes, strain rate, hold
times and indent spacing may all play a role in nucleation, yet these cannot be
adequately explored in a single flake. While we may assume that layer number is the
leading parameter to control of the graphene sample such that many flakes of uniform

layer number could be used in such a study, this still does not account for factors such
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as the atmospheric environment, crystallography and local contamination - all of which
may vary between samples. Here, by crystallography we refer specifically to sample
crystallographic directions relative to the faces of the Berkovich tip which largely define
the torn edges from which nucleation begins. While this may be uniform within a single
sample (if the sample is not rotated and crystals large enough), this cannot be

adequately controlled between samples.

Therefore, to overcome such limitations, large area samples produced by chemical
vapour deposition (CVD) were investigated for gr-AK formation via indentation as well.
Such samples boast continuous films on square centimetre areas and advertised well-
controlled thickness, quality, and coverage. Despite the polycrystallinity of such films
with grains of random crystallographic orientations, and some voids, wrinkles, folds and
cracks unavoidable from the transfer process, these samples were anticipated to

resolve many of the above limitations.

4.2 Nucleation in CVD 2D materials

CVD samples were sourced from three commercial suppliers (Graphenea, Graphene
Supermarket and 2D semiconductors) and one collaborating research group (Prof.
Charlie Johnson, University of Pennsylvania). These samples included from Graphenea
1-layer, 2-layer and 3-layer CVD graphene; from Graphene Supermarket 1-layer CVD
graphene, multilayer CVD graphene (patchwork of 1-7 layers with 3-10 um patch sizes),
1-layer CVD hBN and CVD graphene-hBN heterostructure; from 2D Semiconductors 1-
layer CVD graphene and 1-layer CVD MoS;; and from the Johnson group 1-layer CVD
MoS; as triangular islands rather than a continuous film (both as synthesised on SiO;
and transferred to another SiO; substrate) and 1-layer CVD graphene transferred from
copper foil onto a silicon substrate. A testing procedure was developed to test each of
these samples for success of ribbon nucleation: a batch of 25 indents ina 5 x 5 array
with 1.5 um spacing to a setpoint of 0.5 mN was carried out on each sample by AFM
indentation, and a batch of 10 indents in a 5 x 2 array with 5 um spacing to a setpoint
of 10 mN was carried out by 2D indentation using the Gemini system, with 0.5 nm

oscillation in z at 85 Hz and 1 nm oscillation in x at 129 Hz. These parameters were
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selected as they had been found to reliably produce nucleation in mechanically
exfoliated samples, with frequencies away from 100 Hz chosen to prevent crosstalk and
electrical noise. Indentation normal strain rate was selected as 0.02, with a data
acquisition rate of 500 Hz. Hard tapping was also applied to indents produced by AFM
indentation in 0.5 uN steps until nucleation is observed (up to a maximum of 4 uN) with
four scans at each hard tapping setpoint. These two methods (Gemini-based SASIN and
AFM indentation with later hard tapping) were selected as they represent similar total

lengths of time per array of indents as defined above, to allow ready comparison of time

Fig. 4.1: Sample survey of AFM-based indentation by PFQNM. 3 ribbons are
observed after only AFM indentation (a) and 18 after applying “hard tapping” in the
same location (b). Successful indents are denoted by a red dot as a guide to the eye,

with (c) zoom-in to representative ribbons in area highlighted by red in (b) showing
3 nucleated ribbons. Height differences of =0.3 nm are observed between CVD film
and peeled area, as well as between CVD film and ribbon as expected for 1-layer
graphene. Peeled areas, and associated ribbons are readily identified in dissipation
and (d) adhesion channels of same area as (b). Total linear z-scale for (a) and (b):
2.5 nm, (c) 5nN, (d) 2 nm.
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required with any rates of success. These samples were then surveyed by AFM using
PFQNM mode, as in Fig. 4.1 (a) and (b) before and after “hard tapping” on sample
indented by AFM respectively. Ribbon growth was identified from 7.5 um scans for the
more tightly spaced ribbons produced by AFM indentation, both by examination of
topography images as well as by identifying the clear contrast in adhesion and
dissipation channels where graphene has peeled from the substrate during ribbon self-
assembly (Fig. 4.1 (d)).

From this series of Gemini SASIN experiments on 12 samples described above,
successful nucleation was observed only in one case: A single layer CVD graphene
sample sourced from Graphene Supermarket. Even in this instance, rather than ribbons
typically on micron length scales and with yields of =70% as observed in mechanically
exfoliated samples, only two ribbons (from 10 indents) with lengths of 0.1 and 0.3 um
were observed.

Similarly for AFM indentation alone, ribbon nucleation was observed for only 3 of 25
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Fig. 4.2: Nucleation success rates in different CVD materials and with different
nucleation methods. Graphene Supermarket’s single layer CVD graphene proves to be
significantly more successful in facilitating ribbon self-assembly than all other CVD

samples tested.
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indents, with lengths of the resulting ribbons of 0.15 — 0.25 um. Hard tapping was
however successful in inducing limited ribbon nucleation on all commercial 1-layer CVD
graphene samples, with 1 ribbon for Graphenea, 18 for Graphene Supermarket and 11
2D semiconductors. Success rates for nucleation across all samples with the methods
described above are summarised in Fig. 4.2. We emphasise here that for CVD materials
we are focusing currently on a proof-of-concept study, such that here evidence of a
peeled area of at least 0.1 um length and folded ribbon is considered a success,
although exceedingly few of these, as seen in Fig. 4.1 (c) can compare to the dimensions

and relative uniformity of ribbons nucleated in mechanically exfoliated samples.

Close examination of the CVD materials themselves can also prove instructive. CVD
graphene samples can appear quite uniform and clean over larger scan sizes such as Fig.
4.3 (a), with low aspect ratio wrinkles extending over widths of 0.5 - 0.6 um and heights
of only 0.5 — 1 nm. However, in smaller scan sizes at the same nominal resolution (512
samples per line and lines per sample in all of Fig. 4.3 (a)-(d)) but at higher absolute
resolution with scan areas 13 and 40 times smaller respectively compared to (a),
rounded “blob”-like contaminant features appear ubiquitously over the sample. As
these samples were imaged shortly after delivery, such contaminants observed are
expected to result from sample preparation and processing and not from environmental

sources in our own laboratory.

While dimensions of the contamination vary as in Fig. 4.3 (d), they typically range from
1.7 -5.3 nmin height and 10 — 90 nm in width. These are attributed to residual PMMA
from the CVD transfer process from copper foil to silicon substrate. All CVD graphene
samples studied were prepared using such a PMMA-assisted transfer from copper foils,
though further details such as PMMA layer thickness, cleaning methods used on
substrates and specifications of solvent washes to remove PMMA are not provided by

commercial suppliers.

In smaller scan sizes, wrinkles of much higher aspect ratios with heights of 4-5 nm
extending over only 35-40 nm widths are also observed in Fig. 4.3 (c). However, these
heights appear to include PMMA coating the wrinkles as well as their own intrinsic
heights, with heights of only 1 nm over similar widths also observed. Buildup of PMMA
at wrinkles and tears has also been observed elsewhere?%.

131



We use the terminology introduced by Lin et al. to describe the different forms that
PMMA resides can take on graphene?°®: PMMA-A for round, thick (few nanometre)
residue facing the air and PMMA-G for a 2D-like monolayer residue in direct contact
with graphene. PMMA-A is located on top of PMMA-G*8, though the two have the same

composition with PMMA-A being higher density regions.

We note that observation of PMMA residue by AFM is often performed over larger scan
sizes (at least 10 um), and for significantly larger regions of residual PMMA as we also
sometimes observe??’~210, but that analysis of the structure of PMMA as in Fig. 4.3 (c)
and (d) is relatively rare in published works?!!. Critically, we also note here that the
stripe formations of the previous chapter or their characteristic friction domains were
not observed on any CVD samples, and to our knowledge have also not been reported
on CVD samples elsewhere. We attribute this to the presence of PMMA-G on the
surface preventing adsorption of stripe hydrocarbons. This PMMA contamination

represents another third body present on graphene expected to influence self-assembly

Fig. 4.3: PMMA contamination on CVD graphene samples. (a) —(d): PFQNM images of
decreasing scan size (40 um, 10 um, 3 um and 1 um respectively) centred on the same point
showing size scale of wrinkles, defects and PMMA “blobs”. Surfaces which appear to be free of
PMMA on larger size scan sizes and widely spaced wrinkles feature extensive PMMA residue and
lower height wrinkles upon decreasing scan size. Total linear z scale: 3 nm for all.
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by mediating graphene-graphene adhesion, while crystallinity of CVD films can
influence the anisotropic graphene rupture energy critical to tearing. The presence of
these contaminants may also increase the sliding friction between the host graphene
sheet and growing ribbon and modify the bending energy of the fold. Adhesion
energies, fracture strength, friction and fold bending energy, all of which are critical
parameters in auto-kirigami nucleation, may be influenced both directly and indirectly
by any third bodies present. This may be reflected in the absence of nucleation seen on
the majority of CVD materials tested and relatively low yields even in the successful

cases.

In many of these CVD materials where nucleation is unsuccessful, a very small initial
folded tab appears to be present at the indent crater edge. This tab has however failed
to propagate forward into a full AK ribbon, apparently due to the presence of

contaminants or wrinkles/other surface defects as in Fig. 4.4 (a). Ribbons which grow to

Fig. 4.4: Effect of wrinkles and surface contamination on ribbon growth in CVD materials.
Wrinkles and contamination are associated with different outcomes of ribbon nucleation from

SASIN alone, from none with only tightly folded tabs at the crater edge (a), very short ribbons
with growth impeded by PMMA buildup at the ribbon head (b) and in rare instances, ribbons
with lengths and shape comparable to those in mechanically exfoliated samples (c) — (f). Johnson
CVD 1-layer graphene for (a), Graphene Supermarket for (b)-(f). Linear z scale of 10 nm for (a),
3 nm for (b)-(f).
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only short lengths such as Fig. 4.4 (b) often show high densities of PMMA at the ribbon
head which appear to have impeded growth. Here, although the heights of nearby
“blobs” vary from 2.1 — 5.5 nm, this increases to as much as 21.0 nm and 13.4 nm for
the PMMA residue at the heads of ribbons in Fig. 4.4 (b) and (e) respectively. In some
instances, ribbon growth can also occur robustly even in the presence of extensive
PMMA contamination as seen in Fig. 4.4 (c) — (f). Annett et al. also reported that ribbon
growth can become pinned by and subsequently continue growing after displacing
contaminant defects in mechanically exfoliated graphene, although this was
demonstrated for single, discrete contaminant bodies with lateral dimensions of only

50-100 nm#°.

Fig. 4.4 (e) also displays another noteworthy phenomenon: mechanical self-cleaning of
the PMMA by the ribbon motion. As the typical AK ribbon head starts at a maximum
width and tapers, this entire width travels the length of self-assembly, sweeping PMMA
residue in front of itself as indicated by the perfectly clean graphene areas within the
white dashed lines indicated in Fig. 4.4 (e). Assuming a uniform distribution of PMMA
across the sample, we can estimate the volume of PMMA that was on the peeled and
ribbon area from a measurement of the volume of a nearby area of the same
dimensions. This value (6.41 x 1022 m3) agrees well with the volume measured at the
ribbon head of 6.11 x 1022 m3, and if also counting the volume either on or trapped
within the center of the ribbon fold matches near perfectly at 6.40 x 1022 m3. This
suggests that, while we do not directly observe the presence or lack thereof of PMMA
residue at the interface, this self-cleaning mechanism is very thorough. The higher-than-
expected ribbon height of 0.44 nm may indicate the presence of some residue at the
interface however. This further suggests that accumulation of PMMA residue at the
ribbon’s head is the main factor limiting growth here, as the final fold width of 0.6 um
is much greater than values of 0.2 um which are observed in Fig. 4.4 (f) for example,
which is similar to the expected final ribbon widths from single layer mechanically
exfoliated flakes. A bulge in the fold of Fig. 4.4 (e) may indicate that some PMMA has
become trapped inside the fold itself, or that PMMA contamination at the ribbon head

has resulted in non-uniform mechanical stress at the fold.
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However, a different behaviour is
observed between the self-cleaning
ribbon in Fig. 4.4 (e) and both bottom
and top left ribbons in Fig. 4.4 (f): in
the latter cases, although large

amounts of residue are also observed

at the ribbon head, residue remains

Fig. 4.5: Contaminants on samples exposed to
along a torn edge or a ribbon edge ambient lab conditions for 1+ years. Though

widely present across sufficiently old samples,
such uncategorised contaminants of atmospheric
front if the previous interpretation igin often appear with greater density on flake

holds. Previously, we have observed and ribbon edges. Total linear z-scale: 3 nm.

which should have been swept to the

that uncategorised atmospheric contaminants will also accumulate on mechanically
exfoliated samples which are exposed to ambient laboratory conditions over sufficiently
long timescales (typically of 1+ years) as in Fig. 4.5. Such contaminants, which also
appear as small “blobs” often appear to preferentially be present around ribbon edges
or torn edges. We have generally attributed this build-up to potentially surface mobile
contaminants migrating and becoming caught at an edge, or attraction to non-
passivated bonds at these edges. However, this is not thought to be the case in Fig. 4.4
(f) for example as this imaging was performed the following day after indentation and
ribbon growth, in which time any surface migration or environmental contaminants are
not thought to have such an effect and the PMMA remains only at selected edges rather

than all edges.

However, thus far we have generally assumed that ribbon growth occurs symmetrically,
in that tearing along both torn edges starts at the same time and occurs at the same
rate. However, asymmetry in tearing rates of both edges, with one leading edge would
result in a small angle misorientation of the growth direction from the perpendicular to
the fold.

This could occur where one growing ribbon edge is actually parallel with its torn edge
rather than mirrored around the fold, with the final broadly symmetric shape of the
ribbon recovered where tearing at the “faster” edge crack tip has become pinned by

contaminants while it continues along the “slower” tearing edge, with some rotation of
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the ribbon. This could then explain how one edge becomes cleaned and the other does
not. However, while we can extrapolate only a limited amount from this sample size,
this may provide further insight into ribbon growth dynamics which are too rapid to be

observed directly in experiment and too large to simulate in its entirety.

Graphene Supermarket’s samples contain the largest areas free of wrinkles of up to =25
um?), with edges of these areas defined by wrinkles. Instances of the most successful
ribbon growth as in Fig. 4.4 (c), (d) and (f) often occur where an indent by chance lands
approximately central in these areas, such that any resulting ribbon growth is minimally
impaired by the presence of wrinkles. Indeed, ribbon growth appears to terminate at

such a wrinkle for at least one ribbon in each of these three instances.

The large variation in nucleation outcomes across CVD samples studied may also be
influenced by the quality of the CVD material itself. Using conductive AFM, SEM, and
cross-sectional TEM, Lanza?!? and Yuan et al.?3 studied the quality of CVD hBN samples
from nine commercial suppliers. They noted significant sample-to-sample variability
greater than that claimed by many commercial suppliers, =20 % amorphous rather than
layered material by volume from the most widely cited supplier (associated with two
order of magnitude more citations than the next most cited) and even samples found
by TEM to be much thicker (up to =2 nm) than the advertised monolayer. They
concluded that despite development and refinement of growth, processing and transfer
processes in recent years, CVD grown 2D materials still contain many defects which
hinder device performances, and that quality remains much lower than that of
mechanically exfoliated samples. Although no such comparable study currently exists
for CVD graphene to our knowledge (though does for liquid phase exfoliated (LPE)
graphene?, which also found massive variation in quality and classification of LPE
graphene from 60 commercial suppliers), we can suspect that similar problems may
plague this material too. In this work, we did not perform this verification of CVD layer
thicknesses and instead we assess quality primarily by our high-resolution AFM imaging.
We therefore cannot entirely correlate relative success or failure of samples to nucleate
ribbons, which we here associate with greater mechanical quality and less surface
contamination, with actual layer number or defect density for example. Nonetheless,

that we can produce ribbons in any CVD graphene samples provides some support to
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the prospect of large-scale ribbon production and that ribbon self-assembly is a

sufficiently robust process.

Following our initial exploratory survey of nucleation success rates on CVD materials,
only Graphene Supermarket’s 1-layer CVD graphene showed successful nucleation in all
methods, and with the highest rates. While Graphenea’s and 2D Semiconductor’s 1-
layer CVD graphene film also showed some self-assembly, these were at lower rates
and only following hard tapping. Despite the effectiveness of this technique, it can easily
result in significant tearing to the film and any new ribbons. As we also sought to
correlate statistics of end-results (i.e. ribbon shapes, sizes, yields etc) with quantitative
indentation data and chosen indentation parameters, further testing with CVD

materials was performed solely by Gemini 2D indentation.

A further, more comprehensive survey of nucleation success by 2D indentation

compared to that shown in Fig. 4.2 was then conducted using the Gemini system, with

some modified parameters (strain rate increased from 0.02 to 0.05 and x oscillation

g g A ey

Fig. 4.6: AFM survey of many indents to assess nucleation success rates. (a) 36 of total 108
indents in this survey on Graphene Supermarket single layer CVD graphene. Arrays of 36 indents
were divided into smaller batches of 9 indents as indicated in red highlighted square in (a), with
zoom-in to this area shown in (b). Ribbon nucleation was primarily assessed in 25 um scan sizes
asin (b). Further imaging over smaller scan sizes of 3.5 um was performed where nucleation was
unclear, with success observed in (c) and failure in (d), where (c) and (d) are zoom-ins to middle
left and bottom left blue highlights in (b). Total linear z-scale: 4 nm in each.
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amplitude from 1 nm to 3 nm). This survey was conducted only on the Graphene
Supermarket single-layer CVD samples. 108 indents were examined in total, applied in
3 arrays of 6 x 6 indents with 10 um spacing between indents in x and y. Ribbon
nucleation and growth was assessed by AFM per Fig. 4.6. Arrays were initially located
within 60 um scans (Fig. 4.6 (a)), which were then subdivided into 3 x 3 batches (e.g.
red highlighted area in (a)) from which ribbons were primarily observed in the
topography channel as indicated in Fig. 4.6 (b), as well as adhesion, dissipation and
deformation channels where relevant as indicated in Fig. 4.1. Sample successful
nucleation from indents is indicated in (b) by red dots within the indent crater. Further
imaging was performed with higher absolute resolution in smaller scan sizes where
ribbon growth could not be conclusively determined in previous steps, as indicated with
blue highlighted areas in Fig. 4.6 (c) and (d) (middle left and bottom left of (c)

respectively).

This survey of 108 indents yielded a 36% ribbon nucleation yield (compared to 20% from
10 indents as shown in Fig. 4.2). This remains much lower than that of mechanically
exfoliated graphene, though suggests that the possibility of increased yield may lie in
further optimisation of indentation parameters. However, this survey further reinforced
our conclusion that the presence of PMMA hinders nucleation and ribbon growth as
described above, therefore motivating study into methods to clean these residues from

CVD samples.

4.3 Cleaning of CVD samples

Methods to clean residual PMMA from CVD graphene films have been the subject of
extensive study, due to the contaminant’s effects on mechanical properties as observed
here as well as on electronic properties, contributing to unintended p-doping and
reduced carrier transport for example?>27, A wide array of methods have been
proposed to remove residual PMMA, falling broadly under the categories of thermal
annealing; plasma treatment; ion beam, electron beam and light irradiation; mechanical

treatment; electrolytic cleaning and current-induced cleaning®. In the ion beam
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method, specific ions generated in plasma with a well-controlled energy distribution
and direction are bombarded onto the surface to be cleaned?®®. Electron beam
irradiation causes fracture of long polymer chains in PMMA, facilitating its dissolution
in subsequent wet chemical treatment?!®, Removal of PMMA by light irradiation can be
performed similarly to laser ablation by heating the sample locally using a visible laser,
resulting in decomposition and expulsion?!!, or degradation of PMMA by UV
irradiation??°. In electrolytic cleaning, graphene is used as a working electrode of an
electrochemical cell, with evolved hydrogen removing PMMA residue??!. Current-
induced cleaning relies on Joule heating of graphene to high temperatures, with a

similar mechanism of PMMA removal to thermal treatment?22.

However, a common trend arises that the methods which most aggressively and
effectively remove PMMA also increase the number of defects in the graphene film,
resulting in an expected trade-off of improved self-assembly as a result of cleaner
surfaces impaired by damaged films. Considering this trade-off, how readily these
methods could be applied to our samples and which methods were judged least likely
to cause damage to the CVD graphene, we therefore selected of the above plasma,

thermal, and mechanical cleaning.

Plasma cleaning has been reported to have a higher cleaning efficiency than thermal
cleaning despite lower temperatures, with the plasma interacting with the surface in
the presence of oxidising, reducing or inert gases resulting in grafting, oxidation and
reduction of the surface species®®. The mechanism for removal of PMMA by plasmas
are currently unclear however (except Hz plasmas with dissociation of -OH and H20 and
further reaction of exposed carbon atoms in PMMA to form methane). Great care must
of course be taken to avoid damage to the graphene by high-energy plasma; Peltekis et
al. placed samples to be cleaned 50 cm away from their plasma source to this end for
example??3. We explored variation of power and plasma exposure time using a Diener
PICO Barrel Asher with 40 kHz 200 W power supply. However, using this oxygen plasma
system in consultation with technical staff, we were unable to develop a method that
could reliably remove PMMA residue without also removing all graphene, such that this

method could not be further explored.
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Thermal treatment is an attractive option for removal of PMMA residue due to its
relative simplicity and ubiquity in laboratory settings. However, this method alone
appears incapable of wholly removing such residue from the surface, even with a
number of studies designed to optimise temperature, time and gas environment.
Annealing in air environments proves most effective as this promotes oxidization and
breaking of the PMMA carbon bonds??1??4, though this similarly can damage graphene
carbon-carbon bonds. Reports have variously claimed that annealing at even 250 °C for
30 minutes can damage graphene®, while increasing the temperature to 500 °C may
not even wholly remove PMMA residue and can result in cracking?®. We tested
temperatures of 160 °C to 260 °C for 2 hours at few mbar pressures. Reduction in
volume of PMMA-A “blobs” as measured by PFQNM of =20 % were observed for 160 °C
( Fig. 4.7 (a)), and 40-60% for 260 °C (Fig. 4.7 (b)), comparing identical areas before and
after. Applying temperatures of 260 °C caused widescale damage to the graphene film,
especially around wrinkles as seen before and after in identical areas in Fig. 4.7 (d) and

Fig. 4.7 (e) respectively. This is seen in the formation of two new wrinkles around which
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Fig. 4.7: Effect of thermal anneals on PMMA residue. Same location before (a) and after (b)
thermal anneal of 160 °C for 2 hours. Measured PMMA volume reduced with “blobs” after
typically being larger in area as per distribution of pixel area of each blob before and after (c)
and of lower height. Similarly, same location before (d) and after (e) thermal anneal of 260 °C
for 2 hours. While measured PMMA volume also reduced, the graphene was significantly
damaged, especially around wrinkles. Comparison of blob pixel area before and after (g)
(compared to a representative nearby location (f) rather than the damaged area shown in (e))
indicates a large change in blob size. Linear z scale of 3 nmin all.
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large amounts of PMMA accumulate, lying mostly vertical in the bottom left and slanted
in top right of (f), as well as in the apparent tearing and removal of graphene around
wrinkles. However, we note that rather than necessarily decomposing and being
removed in air as gaseous species, the PMMA-A blobs overall flattened, reducing in
height but increasing in width, with smaller blobs no longer being observed. This is
reflected by the distribution of pixel size of PMMA blobs shifting to the right in Fig. 4.7
(c). After annealing at 260 °C for 2 hours, PMMA is now observed as many, very small
fragments (Fig. 4.7 (f)), as evident from the leftward skew of pixel dimension in Fig. 4.7
(g) whereas previously “blobs” became larger in area with annealing. We attribute this

to further dispersal of the larger PMMA blobs with increased heating.

Longchamp et al. reported that the catalytic activity of platinum and palladium can
complement thermal annealing to produce ultra-clean graphene??®, After etching of the
copper foil, the graphene-PMMA composite was placed on a perforated platinum
coated (50 nm thickness) silicon nitride membrane, dried and annealed in air to
temperatures in the range of 175 — 350 °C (Fig. 4.8 (a)). They observed complete
degradation of PMMA on the platinum surface, but not on the SiO; surface, indicating
a catalytic effect of the metal which also extended for tens of microns from the platinum
edge within as little as 3 minutes for the highest temperatures in their range and 6 hours
for the lowest. They propose that this occurs due to dissociation of adsorbed molecular
hydrogen by the platinum, resulting in hydrogenation of the PMMA leading to cracking
at these relatively low temperatures, degradation to monomers and subsequent escape
into the air. As our commercially supplied CVD graphene samples are all on SiO;
substrates for optical visibility, this exact method could not be applied. As Longchamp
et al. emphasise that even proximity within tens of microns is sufficient to achieve this
catalytic cleaning, we instead brought the CVD graphene directly into contact with a
silicon wafer coated with a thin layer of platinum (100 nm thickness) by electron-beam
evaporation, as demonstrated in Fig. 4.8 (b). However, this method proved ineffective
at removing PMMA residue as demonstrated before (Fig. 4.8 (c)) and after (Fig. 4.8 (d))
annealing for 2 hours at 200 °C. Volume measurements by AFM of PMMA before and
after vary by less than 1% despite the large difference in structure of the PMMA residue

observed in the same location.
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However, increasing the anneal time at 200 °C from 2 to 6 hours yielded apparently
improved results, as seen before (Fig. 4.8 (e)) and after (Fig. 4.8 (f)) in the same area,

with no PMMA directly visible after applying this cleaning.

However, despite the reduction in volume of the blobs (as also observed in Fig. 4.7), we
suggest that this may in fact not indicate that the overall amount of PMMA on the
surface has reduced but that it has converted from PMMA-A to PMMA-G. The former is
readily identifiable by AFM but the latter appears as a smooth background, contributing
to these apparent volume reductions. We can test this by applying our third cleaning

method, mechanical treatment.
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Fig. 4.8: Platinum-metal catalysed cleaning of PMMA residues. (a) Flow chart of method
proposed by Longchamp et al. claimed to completely remove polymer residues, adapted from
226. (b) Sketch of our adapted method, with graphene surface with PMMA residue sandwiched
between platinum layer and silicon substrate. PMMA residue on CVD graphene surface before
(c) and after (d) 2 hour 200 °C thermal anneal with platinum, with significant spreading out of
PMMA blobs. When the thermal anneal with platinum is applied at 200 °C for 6 hours, PMMA
appears to be removed (before (e) and after (f)). However, mechanical cleaning by AFM on the
now apparently cleaned CVD graphene indicates that PMMA is still present, as indicated by the
1 nm height difference between cleaned and surrounding area (left and right of (g) respectively)
and large buildup at boundary of cleaning region. Inset is height profile of red line in (g). Total
linear z scale: 3 nmin (c)-(g).
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Unlike the other methods of CVD cleaning which rely on chemical reactions to remove
PMMA residue, mechanical cleaning depends entirely on the interaction force between
the residue and cleaning material. This therefore does not affect chemical integrity of
the graphene, but may still result in physical damage to the film. While macro-cleaning
methods are available through mechanical cleaning covering entire wafers, such as
force -engineered active carbon coated lint rollers??” and electrostatically charged fibres
of a rubbing cloth??®, we focus on micro-cleaning methods here. Micro-cleaning is
typically applied by AFM, where the interaction force of the tip and contaminants is
greater than that between surface and contaminants, with the tip acting as a broom
sweeping contaminants aside. This results in build-up of contaminants around the edge
of the scanned area, such that the cleaned and surrounding areas can readily be
compared. This approach was also applied by Rosenberger et al., dubbed a nano-
“squeegee”, capable not only of cleaning the surface but even of squeezing
contaminants out from 2D material interfaces. While this micro-cleaning method has
been widely used??*=23!, it is severely limited by the scan range of the AFM, typically
only on scales of tens of microns and requiring multiple scans for complete cleaning,

decreasing throughput.

To test the effectiveness of the catalytic cleaning at chemically degrading PMMA, a 10
pum x 10 um area was scanned in contact mode for 30 minutes at 20 nN setpoint, then
surveyed in PFQNM (Fig. 4.8 (g)). PMMA residue appeared to be completely removed
from the scanned areas (left hand side of Fig. 4.8 (g)), with an average height difference
of 0.8 nm between cleaned and surrounding graphene areas as seen in inset height
profile. An average volume of PMMA residue of 4.74 x 10?2 m3 per 1 um? area was
measured pre-cleaning, with an average volume of swept PMMA per 1 um length of the
boundary of 2.51 x 102! m3. Accounting for the 5 um length from which PMMA is swept
to each side, a volume per 1 um length of the boundary is estimated at 2.37 x 102! m3,
in close agreement with the measured volume of 2.51 x 102! m3. This suggests that as
much as 95% of the PMMA residue can be removed within these 8 scans with no
damage to the graphene film observed. More simply, by taking only the average height
difference between cleaned and surrounding, a volume of 4.0 x 10"?* m3 should be

displaced by the scanning into the boundary. We expect that this greater discrepancy
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may arise from flattening of the cleaned area, which results in overestimation of the

height difference from which the 4.0 x 102! m3 estimate is derived.

This application of mechanical treatment following thermal catalytic treatment
indicates that while thermal methods within the ranges studied may result in apparently
cleaner surfaces, they fail to truly remove PMMA from the surface and instead only
appear to change its composition. This requires us to reconsider our earlier claims of
reductions of PMMA volumes by as much as 40% with thermal treatment, with this
instead likely representing a conversion of PMMA-A to PMMA-G which these AFM

methods cannot readily directly detect with displacement of the PMMA-G layer.

As our modified version of Longchamp et al.’s setup involved graphene sandwiched
between platinum and the graphene substrate, the ability of any chemically

decomposed products to escape in air may have been hindered, which could coincide
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Fig. 4.9: (a) Outline of scanned area, showing PMMA swept to each side of the scan area. Total
volume at left- and right-hand sides (with fast scan axis along the horizontal) is much greater
than that measured along the top and bottom edges. (c) Successful nucleation is observed in
both cases where AFM cleaning is applied prior, but none in this instance where AFM micro-
cleaning is not observed. Representative scan areas featuring 9 of the total 25 indents in each

array on CVD graphene are shown, which have undergone no AFM cleaning (d), cleaning by 8
contact mode scans (e) and cleaning by 20 contact mode scans (f). Red arrows in (e) and (f)
indicate successful ribbon growth and ribbon direction. Total linear z scale: 4 nm for (a), 10 nm
for (b), 1.5 nm for (d) — (f).
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with another report that some surface contaminants desorbed at high temperature in
vacuum annealing may reabsorb upon exposure to ambient air*®. We do not expect that
the platinum layer would have become damaged or oxidised at these temperatures,
with changes in thin platinum layer morphologies elsewhere observed only at annealing
to >400 °C in the presence of oxygen?3?233, Alternatively, we note that the CVD
graphene chip, as provided by the supplier, displayed large, amorphous contaminants
scattered randomly over the surface. These appeared to be silicon fragments as a result
of wafer dicing, with dimensions of tens of microns. Despite both host wafers being
extremely flat, these asperities which could not be removed by compressed air may

prevent the intimate contact between platinum and CVD graphene required.

Given the demonstrated effectiveness of mechanical cleaning, three 40 um x 40 um
areas of a Graphene Supermarket CVD graphene sample were selected for indentation
on a sample which had previously undergone thermal annealing with platinum at 200
°C for 6 hours. Of these three areas, one was cleaned by 20 scans in AFM (86 minutes
of continuous scanning), one by 8 scans (30 minutes, Fig. 4.9 (a) and (b)) and one was
not cleaned by AFM. In this micro-cleaning, displacement of PMMA residue is readily
observed in lateral force channels during contact mode scanning as streaks oriented
along the slow scan axis capture direction as residue is dragged along the sample by the
tip. Change was no longer observed after 6-7 scans, with 8 scans therefore selected as
one benchmark. As this may only have accounted for PMMA-A residue which is
expected to be removed more readily, a further 12 scans were applied which may also

remove PMMA-G from the surface.

The volume of PMMA displaced over this larger scan size (40 um in total, or 20 um to
each side) resulted in heights of up to 131 nm of the PMMA at the left-hand side
boundary (Fig. 4.9 (b)). PMMA is not distributed equally to all edges of the scan area,
with nearly 85% of the total volume in the left- and right-hand side vertical edges, as
expected as the fast scan axis is here along the horizontal. Deriving swept PMMA
volume per square micron from the volume of PMMA at the scan boundary, a volume
of 6.52 x 1022 m3 per 1 um? is derived. This is greater than the value of 4.74 x 10> m3

per 1 um? derived above, but this value can be expected to account for both PMMA-A
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and PMMA-G, whereas 4.74 x 1022 m3 per 1 um? was derived considering only the

volume of PMMA in “blobs” i.e. PMMA-A.

In each case, indentation was performed to 10 mN loads with a strain rate of 0.05, with
0.5 nm oscillation amplitude in z at 85 Hz frequency and 3 nm oscillation amplitude in x
at 129 Hz frequency. Indentation was applied in arrays of 5 x 5 indents with 5 um
spacing in x and y for each. Resulting indents and ribbons were surveyed by PFQNM,
with results summarised in Fig. 4.9 (c). No successful nucleation was observed with no
cleaning, while 22 ribbons nucleated from 13 indents were observed with 8 scans and
19 ribbons nucleated from 13 indents observed with 20 scans. A similar distribution of
fold widths and median fold width were observed in both latter cases (0.36 um and 0.32
pm median fold width respectively). We can therefore conclude that even moderate
application of carefully applied AFM micro-cleaning can facilitate massive increases in

nucleation success rates on CVD materials.

While this micro-cleaning method has proven highly successful in this instance, it
nonetheless features a number of limitations. Taking our case of 8 scans for micro-
cleaning, this represents a cleaning rate of only =50 um? per minute, which is evidently
far too low to apply to wafer-scale samples. These ribbon yields remain lower than
those observed in previous work (70%2°) and in our current work on mechanically
exfoliated graphene as well, suggesting a limitation introduced by film mechanical
quality or adhesion of the CVD graphene to the substrate or to itself for example. This
also suggest the possibility of using nucleation success as a test for graphene quality
more broadly. Graphene quality in this context can encompass a number of factors,
such as crystallinity, number of defects and level of contamination. Currently, these
factors can be explored individually through varied techniques. Electron backscatter
diffraction (EBSD) can reveal the microstructure of graphene by revealing crystal
orientation, grain boundaries and hence crystallinity for example?34. The ratio of the
intensities of the D and G peaks of graphene in Raman spectroscopy is widely used to
quantify defects in graphene??. Presence of contaminants such as PMMA or ambient
hydrocarbons can be assessed by a wide range of techniques, including among others
AFM?3%, SEM?23, TEM?¥, x-ray photoelectron spectroscopy (XPS)?3® and time-of-flight

secondary ion mass spectroscopy (ToF-SIMS)?3°. Electron mobility can also be used to
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probe the degree of PMMA contamination with mobilities nearly doubling with removal
of PMMA residue by thermal annealing?®. All of these factors can contribute to a more
general assessment of graphene quality that any one factor cannot wholly capture. As
the self-assembly process also encapsulates many properties of the graphene sheet, we
suggest that nucleation success and yield can provide an overview of how many of these

factors contributing to graphene quality interact.

We also highlight that the success of the micro-cleaning approach was here
demonstrated only on the Graphene Supermarket 1-layer CVD graphene sample which
had shown some nucleation success even without cleaning. However, we initially
considered a total of 12 CVD samples as per Fig. 4.2. Of those, only 3 displayed any
ribbon nucleation with the most successful chosen for further indentation studies on
CVD materials, which in turn showed increased nucleation with micro-cleaning. This
therefore motivates a re-examination of indentation and ribbon nucleation on the
remaining 11 samples with similar application of micro-cleaning. These samples include
other 2D materials of technological and mechanical interest on which nucleation has
not been conclusively demonstrated before (namely MoS;, hBN and graphene-hBN
heterostructures), which could prove highly instructive. As these materials would
feature varying adhesion energies and tearing resistances compared to graphene, this
would allow for further testing of the existing model of thermodynamically self-driven
growth, as well as potentially novel ribbon geometries and structures. Unfortunately,
as this would represent at minimum several weeks of experimentation, due to time

constraints this could not be performed in this work.

We can also examine the indentation data for the Graphene Supermarket 1-layer CVD
graphene, especially jumps in the small amplitude lateral contact stiffness response,
interpreted as the point of graphene sheet rupture as fully described in section 3.3. A
sample size of 108 indents was taken on this sample with loads of 10 mN, lateral
oscillation of 3 nm amplitude at 129 Hz and normal oscillation of 0.5 nm at 85 Hz. Sample

lateral contact stiffness-depth curves are shown in Fig. 4.10 (a).

Variance of rupture depths in mechanically exfoliated graphene was previously noted

in section 3.3, though trends of both pre-rupture and post-rupture lateral contact

stiffnesses per depth were tightly grouped. Fig. 4.10 (b). This yields a mean rupture
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depth of 16.6 nm with a standard deviation of 7.0 nm. In instances of rupture occurring
at larger depths as indicated in Fig. 4.10 (a), pre-rupture lubrication is also inconsistent,
unlike in the case of mechanically exfoliated graphene. In the red curve in (a) for
example, a single, simple rupture point is not observed, though the corresponding
indent crater shows a ruptured sheet as later observed by AFM. This may arise from
non-uniform adhesion of the CVD graphene film to the substrate over distances of only
few microns on the surface. These larger rupture depths also indicate that the CVD

graphene can withstand a large degree of strain.

At a depth of 50 nm, a rupture range of 7,000 — 16,000 N/m is observed in lateral contact
stiffness of separate indents on CVD materials whereas a range of 18,000 — 22,000 N/m
is typically seen for mechanically exfoliated single layer graphene as in Fig. 3.11.
Mechanically exfoliated and CVD transferred graphene used SiO,/Si substrates with 290
and 285 nm oxide thicknesses respectively, a minor difference which is not expected to
contribute significantly to lateral stiffness at shallow depths of indentation considered
here. This discrepancy is then expected to arise from influence of CVD graphene despite
the rupture depth being two orders of magnitude greater than the graphene layer

thickness.

As discussed in Chapter 3 with mechanically exfoliated graphene, the shape of the
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Fig. 4.10: Variance in rupture depth of CVD graphene. (a) Sample representative lateral contact
stiffness vs depth curves showing very different behaviours, including early rupture (around 8
nm) with multiple later steps (red), and later ruptures (around 37 nm and 46 nm for blue and
green respectively) with very different pre-rupture lubrication. (b) Histogram of rupture depths

from a sample of 108 indents (13 of those not shown as rupture depth could not be conclusively
determined), bin width 2.5 nm.
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Berkovich tip used in nanoindentation also has a large effect on rupture depth. A series
of 75 indents on Graphene Supermarket 1-layer CVD graphene was performed with
another new Berkovich tip. Indentation with this sharper Berkovich tip shows rupture

depths ranging from as little as 3.9 to 13.3 nm.

While rupture depth remains a useful parameter to investigate how graphene rupture
occurs, a single parameter determining when rupture occurs such as mean contact
pressure has not been established. Peak local contact pressure also proves difficult to
extract without perfect knowledge of potential asperities on the Berkovich tip which
may be central to graphene rupture at low depths. Rupture depth therefore proves
difficult to directly compare across different indenter tips even with calibration of the
tip area function. As the Berkovich tip inevitably suffers from some blunting during
indentation with lateral oscillation due to shear forces on the tip, this may introduce
variation from start to end of a particular batch as well. Determination of such a
parameter remains a central goal in our understanding of graphene rupture and
resulting ribbon nucleation and growth, to be informed in further indentation

experiments and collaborative simulation experiments.

4.4 Conclusions

In this chapter, we crucially demonstrated the first successful nucleation of auto-
kirigami ribbons on CVD graphene. A number of CVD materials procured from various
suppliers were tested for their capability to undergo ribbon nucleation by AFM
indentation (both with and without hard tapping) and by 2D indentation. While the
highest yields were obtained with AFM indentation with hard tapping, no nucleation
was observed on a majority of CVD samples, indicating a large variance in quality of
available CVD materials. A major contributing factor to this variance appears to be the
presence of PMMA contamination, which was extensively characterised here by AFM.
While self-cleaning of this impeding PMMA contamination by growing AK ribbons was
observed on occasion, it was nonetheless judged to significantly impede the auto-

kirigami growth. A ribbon nucleation yield of up to 36% was observed on the most
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successful CVD material, or approximately half of the yield compared to mechanically

exfoliated graphene.

We therefore trialled a number of methods to clean PMMA contamination from CVD
materials, including thermal annealing (both with and without a platinum catalyst),
exposure to oxygen plasma, and mechanically by AFM tip. The primary effect observed
of thermal annealing was in altering the distribution of PMMA on the surface rather
than removal of PMMA from the surface, as also reproduced in the presence of a
platinum catalyst. Mechanical micro-cleaning by an AFM tip in contact mode proved
highly successful in removing PMMA contamination, but with low throughput and little
ability to scale this method up. Large variance in rupture depth and rupture behaviour,
derived from lateral contact stiffnesses, was observed on CVD materials, likely

contributing to the high variance seen in nucleation probability and resulting ribbons.
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Chapter 5: Mechanical and electrical control of gr-AK
ribbons

5.1 Introduction

We have so far focused primarily on nucleation of ribbons, considering the techniques
that can nucleate, parameters in these techniques, the material indented upon and
contaminants on that material which are believed to strongly influence the nucleation
process. While this is essential to furthering our understanding of the nucleation
process and properties of the nucleated ribbons, the forward-looking application of this
research is the development of ribbons as nanoelectromechanical devices, such as
valves or actuators. This requires precise control of the ribbon, including reversing the
spontaneous forward growth motion of the ribbon by e.g. an external stimulus. Here,
we will discuss methods to manipulate existing ribbons to this end by light irradiation,

mechanical manipulation by AFM tip and applied electrical signal.

5.2 Mechanical control

Thus far, growth of ribbons has fallen broadly under a few categories: growth
immediately following indentation/nucleation often to micron scale lengths in
extremely short timescales, further growth often on scales of tens to hundreds of
nanometres over the following days, or additional growth triggered by introducing an
external stimulus. The latter may either be globally by heating on a hot plate, or locally
via AFM “hard tapping” or lateral force manipulation of a single ribbon, resulting in

rotation or extensional growth.

We first investigated whether a means to effect the reversal of the spontaneous growth
of a gr-AK could be realized — to effectively create a force opposite to the self-

assembling interfacial force that “rolled-back” or unfurled the ribbon. Efforts to

151



Slow scan axis ) [
Fast scan axis C—) L L

Fig. 5.1: Methods to demonstrate ribbon reversal using AFM. (a) - (d)

Sketches of various scan recipes applied to attempt to induce ribbon reversal

by scanning over an area around the end of a ribbon in contact-mode AFM.
demonstrate reversal by “pushing” with an AFM tip in contact mode from the end of
the ribbon proved unsuccessful across a number of variations. These broadly sought to
“push back the ribbon” by scanning with the fast scan axis perpendicular to the end of
the fold. This included scanning in interleave, such that the tip images only along the
trace direction and retracts during the retrace (or vice versa as in Fig. 5.1 (a)), as
standard trace-retrace scanning over multiple scan lines covering a portion of or the
entire final width of the fold (Fig. 5.1 (b)), or over only a single scan line (Fig. 5.1 (c)) or
with the slow scan axis along the ribbon direction “sweeping” towards the ribbon (Fig.
5.1 (d)). Methods as depicted in Fig. 5.1 (a) — (c) broadly proved unsuccessful, with no
change in ribbon position observed at low to moderate setpoints (up to =50 nN), while
imaging at higher setpoints often caused tearing of the ribbon and underlying sheet
without reversal. While methods as in Fig. 5.1 (d) could prove successful in rotating

ribbons, this was not reversible with ribbons rotating into apparent commensuration.

While these contact mode AFM methods proved unsuccessful, ribbon reversal was
observed successfully using the “hard tapping” method, though only on two occasions
despite extensive application of “hard tapping” during this research. One of these
instances is depicted in Fig. 5.2 on a 10 nm thick graphene flake, where a PF tapping
setpoint of 3 uN is applied. No nucleation was observed in previous imaging at setpoints
increasing from 0.5 uN in 0.5 pN steps, up to Fig. 5.2 (a). The ribbon growth in Fig. 5.2

(b) occurred on the fourth consecutive scan at this setpoint, with all images comprising
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Fig. 5.2 (a) — (g) occurring sequentially with =4 minutes between successive images.
Ribbon growth induced by “hard tapping” at 3 uN setpointin Fig. 5.2 (b) results in ribbon
growth to 4 um length. The ribbon, which is growing as this imaging is occurring, also
rotates slightly, with a kink in the ribbon shape observed despite no such kink being
present in the peeled area. With a reversal of the fast scan direction indicated by the
red arrow in Fig. 5.2 (c), ribbon growth also reverses with a ribbon length of 1.6 pm now
observed. With the slow scan direction again aligned from top to bottom of the image
as in Fig. 5.2 (d), ribbon growth occurs again to the 4 pm length. Rotation of the ribbon
near the end of growth again results in kinking, albeit at a different point. Ribbon
reversal is observed in an apparently identical manner to Fig. 5.2 (c) in Fig. 5.2 (e).
However, in Fig. 5.2 (f), the rotation occurs at an earlier point in the scan, resulting in
the ribbon head rotating to the right such that the ribbon head is now directly opposite
a neighbouring indent. In similar capture direction down scans in (b) and (d), the ribbon
head must move with each scan line as dynamic rotation and motion of the ribbon is
captured during both images. In (f) however, the ribbon must not have begun to grow
again as the AFM scan lines came parallel to and beyond the ribbon fold as per (e), as
the rotated ribbon head in (f) lies above the neighbouring indent. If the ribbon were
growing from the moment of application of “hard tapping” to the fold up to the point
at which rotation suddenly occurs, the ribbon head would lie further down the image in
(f). In (g) and further subsequent scans not here pictured, no further reversal or growth
of the ribbon is observed. Forward growth here is impaired by the barrier of the
neighbouring indent, while the position of the fold at the ribbon’s minimum length
remains consistent across (c), (e), (f) and (g).

The direction of ribbon growth or reversal is always along the slow scan capture
direction (indicated by red arrows in), indicating that this motion is primarily caused by
interactions directly with the tip rather than a purely thermodynamic driving force as in
ribbon nucleation by oscillatory indentation. A trace which apparently corresponds to
the position of the right corner of the ribbon head during reversal (stretching in an arc
approximately between the lower and middle indents imaged) is also seen in (c) and (e),
suggesting tip contact inducing this motion. The position of the thinnest observed width
of the healed area in (c) and (e) also corresponds exactly to the previous position of the

fold before reversal in (b) and (d), confirming that this healing has occurred.
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Fig. 5.2: Ribbon healing and reversal during “hard tapping” imaging. “Hard tapping” results in
an indent which had not previously nucleated (a) now featuring ribbon growth (b). This ribbon
reverses directly sequential reversal, growth and reversal of the ribbon in (c), (d) and (e). In (f),
the ribbon rotates such that a neighbouring indent acts as a barrier to growth in subsequent
scans not here shown, with final rotted ribbon position shown in (g). Red arrows indicate slow
scan direction in each scan. Scale bar: 1 um, total linear z range of 15 um in each.

Rotation of the ribbon is also observed near the end of the ribbon in capture direction
down scans as in Fig. 5.2 (b), (d) and (f), gradually over several scan lines in the former
two but suddenly within a single scan line in the last. This rotation in (f) resulted in the
ribbon head now being trapped by a neighbouring indent such that no further growth
occurred. Although a majority of the peeled area “healed” as in (c) and (e) — (g), this
healing does not seem to have occurred without scars. In a higher resolution image of
this area in Fig. 5.3 (a), the healed graphene is readily distinguished from the
surrounding graphene. A height profile of this ribbon in Fig. 5.3 (b) shows that this

healed area is not smooth with the surrounding graphene, with a height difference of

0.8 — 7.0 nm. We note that while this cycling shown in Fig. 5.2 occurred on a relatively
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thick sample, ribbon reversal and healing was also observed on a 4-layer graphene
sample in another instance when applying a lower PF tapping setpoint of 1.5 puN. In that
second instance depicted in Fig. 5.3 (c) and (d), a height difference of 1.1 — 2.8 nm
between the host sheet and “healed” ribbon was observed, with even this lower bound
comparable to the thickness of the sheet itself and the upper bound double it. However,
a mismatch with the torn area, as might be indicated by the substrate being visible at
either previously torn edge, is also not observed in either instance, such that the healed
ribbon would be expected to lie more smoothly. In Fig. 5.3 (d), stripes can even be
observed which appear to match perfectly in the host and healed areas, showing that
this crumpling is not arising purely from a rotation relative to the initial position for

example.
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Fig. 5.3: Height discrepancies of “healed” ribbons relative to surrounding graphene sheet. (a)
Higher resolution PFQNM image of healed area seen in Fig. 5.2 (b). Height profile along black
line in (a), showing imperfect matching of healed and surrounding graphene. Another observed
instance of ribbon healing is shown in (c) where the ribbon grew until the fold reached a peeled
area of another ribbon before reversing, with previously grown and later healed areas indicated
by upper and lower white dash outlines respectively. (d) PFQNM topography zoom-in with stripe
resolution of area highlighted in red in (c), with height profile along the black line crossing the
“healed” boundary shown in (e). Scale bar: 500 nm in (a) and (c). Total linear z scale: 15 nm in
(@), 4 nmin(c), 3 nmin (d).
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The setpoint necessary to induce reversal in the first instance was also sufficiently high
to damage the host graphene sheet and ribbon, with debris visible in parallel horizontal
lines in Fig. 5.3 (a). As the “hard tapping” was performed on a scan size of 25 pm with
256 lines per scan, this spacing of debris along lines spaced 10 nm apart exactly
reproduces the spacing of the scan lines of the earlier “hard tapping”. This also provides
an insight into how this ribbon reversal may have occurred: rather than a continuous
contact as in C-AFM, the tip interacts with the growing or reversing ribbon in a quasi-
continuous manner in 10 nm steps along the slow scan direction.

While these two instances demonstrate that ribbon reversal is feasible, challenges also
arise. From Annett et al.’s model described in the Introductory Chapter, this process of
exchanging graphene-graphene contact with graphene-substrate contact will be
thermodynamically unfavourable, which is supported by the rarity with which ribbon
reversal is observed (even over many tests with mechanical manipulation). The large
height difference of the healed areas indicates significant non-conformity of the ribbon
with the sheet from which it tore only minutes ago in both cases shown here.
Passivation of the newly torn edges may contribute to this. Nonetheless, two cycles
were observed, providing a first proof-of-concept of ribbons as switchable NEMS
devices.

Two methods to facilitate globally switchable control of ribbons were considered:
functionalising graphene with optically sensitive spiropyran molecules to affect the
adhesion balance and thus the interfacial force and direct electrical voltage control to
generate a new force opposing the interfacial force through considerations of
capacitance. Firstly, spiropyrans are organic compounds with photochromic
properties?*°, These include switchable adhesion properties with the irradiation by UV
light, whereby nonpolar spiropyrans photoisomerise to a polar merocyanine, while with
visible light merocyanine reversibly switches back, which facilitates switchable adhesive
strengths?!. As the ribbon growth mechanism is driven by an exchange of adhesion
energies, it was hypothesised that spiropyrans could switchably reduce graphene-
graphene adhesion such that graphene-substrate contact becomes favourable and the
ribbon reverses. Functionalisation of graphene by pyrene-modified spiropyrans has also
been demonstrated previously?*?, and growth of gr-AK ribbons on spiropyran-

functionalized samples was demonstrated in the Cross lab previously. While this
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method was not pursued in this work, we anticipate future experimental focus on this

method.

5.3 Electrical control

Direct voltage control instead was sought to induce ribbon reversal as a lower capacitive
energy state which could be achieved in principle by unfolding the ribbon. Fig. 5.4 shows
a sketch of this admittedly naive model: a voltage source charges both the conductive
Si of the SiO»/Si substrate and the graphene ribbon, while the SiO> acts as the dielectric
with a thickness of =300 nm, the standard used for mechanical exfoliation as it provides
maximum optical contrast of the graphene to locate it by optical microscopy. We can

then write the energy of this capacitor as

- 2 _ WX o
U—CV—shV (51)

with capacitance C, voltage V, ribbon width and length w and x respectively, and
thickness of the SiO; h. Considering an infinitesimal change in ribbon length dx, we can

rewrite the above as

w dx
dUu = ¢ > V? (52)

with permittivity €. Rearranging, we can express this in terms of a force F acting on the

fold as

F=—-— =—¢— V? (53)
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Substituting typical values of w as 350 nm, h as 300 nm and relative permittivity of SiO,
of 3.9 243, this yields F = -0.040 nN V-2 - (V2). With the interfacial driving force during
ribbon folding estimated as =1 nN, a voltage of as little as 5V would match this interfacial
force. Unfolding specifically is predicted as this would lower the energy of the system
by decreasing the separation between folded ribbon and Si, per egn. (51).

Electrical contact was made directly with the underside of the Si chip after removal of
native oxide layer by polishing. Initial tests attempted to contact with graphene flakes
of suitably large dimensions (50-100 um laterally) with silver conductive lacquer (a
mixture of silver microparticles (60% w/w) in ethanol, 1-ethoxypropan-2-ol, acetone
and ethyl acetate solvent)) applied to contact flake which was in turn connected to 160
um gauge copper wire. However, while the contact could successfully be made to
indented graphene flakes, concentration of silver particles is non-homogeneous near
the edges of the applied droplets to lengths of up to 50 um. This distance is comparable

with the flake size, rendering application of silver paint to contact without loss of

(a)
Ribbon

300 nm SiO,
+t+++++++r++r++++

e G

Si

dx
<—

Fig. 5.4: Sketch demonstrating concept of capacitive ribbon control. (a) Sideview sketch
of a capacitor, with “plates” of the Si substrate and ribbon, and SiO; dielectric, which is
predicted to unfold with increasing voltage giving rise to a force greater than the
interfacial driving force. (b) Plan view of ribbon predicted to reverse with applied voltage
in capacitor setup.
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conductance due to lower silver particle concentrations at or on the flake edge highly
difficult. This was therefore deemed impracticable experimentally.

Instead, the SiO; substrates were patterned with 50 nm of gold by metal evaporation
(with a 10 nm titanium layer between substrate and gold to promote adhesion and
prevent delamination). Graphene was then mechanically exfoliated onto these
substrates with gold patterning, with the specific aim of exfoliating flakes onto both
gold and SiO; substrate simultaneously as flakes exfoliated entirely onto gold cannot
readily be identified optically. While mechanical exfoliation is already of low yield, with
coverage of the substrate by few-layer graphene often less than 0.01 %, the height
difference of 60 nm between substrate and evaporated metal appeared to make
exfoliation onto these areas even less favourable. As a result, only relatively thick flakes
(>10 nm) were identified which had been exfoliated such that they were contacted on

both the substrate and an area of evaporated gold.

Fig. 5.5: Erosion of graphene flakes from edges with 100 V, 50 kHz sinusoidal waveform. (a)-
(f): Snapshots taken at 2-minute intervals with thinner areas of graphene removed most rapidly
(I'and I1) and thickest area more slowly (Il1).

159



However, such relatively thick flakes often are immediately adjacent to thinner areas of
graphene on SiO», providing electrical connectivity to few-layer graphene. Indentation
was performed on such few-layer areas of mechanically exfoliated graphene with
ribbons nucleated as a result. Electrical signals with controlled voltage and frequency
were applied using a signal generator and voltage amplifier per schematic in Fig. 5.4 (a).
However, no effect was observed on ribbons for voltages up to 300 Vp in sinusoidal or
square waveforms, with frequencies of 0.01 Hz to 1 kHz, in contrast with expectation
from eqn. (53). While this may suggest simply that electrical contact was not
continuous, a frequency-dependent erosion of graphene was observed at higher
frequencies with voltages above 80 Vpy, as in Fig. 5.5, disproving this suggestion. A 50
kHz sinusoidal waveform is applied, with no effect observed from 0—=80 V (Fig. 5.5 (a)).
This signal is maintained at 100 Vp, for 10 minutes (Fig. 5.5 (a) to (f) being equally
spaced over this time). The thinnest areas of graphene, denoted by their lightest blue
colour, disappear rapidly, while thicker areas are only eroded slightly over the entire
10-minute interval (thinnest to thickest relevant areas are also labelled I to lll in Fig. 5.5
(a)). This erosion occurs from graphene edges, both of the flake as exfoliated and from
torn edges as a result of ribbon formation. This spreads in a “fire front” fashion radially
from edges, as seen in the approximately oval eroded areas in thinner graphene in (c)
for example. To our knowledge, this phenomenon has not been previously reported
elsewhere.

While the few-layer areas of this sample were entirely removed before AFM imaging to
determine layer number could be carried out, this can be estimated by colour and
indirectly by the rate of erosion. As observed in Fig. 5.5, this erosion does not occur
uniformly over the sample area but from graphene edges. Therefore, the change in area
per time of each region was also divided by the torn length of graphene in each region
from which this erosion appears to act. The calculated rate of change of area per time
per torn length is double for area | relative to area Il, and in turn 12 times slower in area
Il than area Il. While this scaling for areas | and Il appears to match change in layer
number as estimated optically, this does not hold for Il and Ill. This erosion process also
does not occur at step edges internal to the flake. A mechanism for this erosion of
graphene with applied high frequency voltage remains unclear, although we speculate

that this process is selective oxidation of edges of graphene. Strong carbon-carbon
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bonds. The free-energies of defects and dangling bonds are minimised by cross-linking
between different graphene layers?*>2¢, which in turn strengthens interlayer
interactions. This high frequency electrical signal may have an analogous effect, with
the removal of edge atoms by selective oxidation and crosslinking making erosion of
remaining layers occur at a much slower rate than an expected erosion rate decreasing

linearly with number of layers.

A frequency dependence of the area change of graphene was also observed over a
frequency range of 1 — 100 kHz on another electrically contacted few-layer mechanically
exfoliated graphene sample as in Fig. 5.6. The change in area of a few-layer graphene
was recorded after applying an 80 Vyip sinusoidal signal for one minute with varying
frequency over 10 kHz intervals, with a peak around 50 kHz. In this test, frequencies
were applied in the order of 10 kHz, 100 kHz, 20 kHz, 90 kHz ... i.e. alternating between
highest and lowest remaining intervals while converging on 55 kHz to minimise erosion
of the limited area of graphene in earlier timesteps such that sufficient area remained

to observe at central values of frequency in the range selected.

Previously, preliminary unpublished work within the group indicated that application of
voltage in this capacitor model could induce ribbon growth in a similar manner to
thermal treatment. Although existing samples from that period are limited, we note a
variation in resistivities of such samples on orders of magnitude, which in turn are
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orders of magnitude greater than the p-doped substrates (Graphene Supermarket,
0.001 —0.005 Q-cm) used throughout this research. As we could not replicate this result,
we therefore speculate that this previous observation may instead have been a result
of resistive heating of the sample.

The erosion of thinner layers soonest appears to result in ribbons becoming islands of
twisted graphene of square micron scale areas, although the effect of this erosion on
the fold specifically has not yet been explored. This could produce isolated, twisted
areas of graphene which may be of interest in experiments surrounding superlubricity,
as a much thinner version of a graphite mesa for example. Although still requiring
further study, we also propose that this phenomenon could be exploited to develop a
frequency dependent graphene fuse for example. While our original goal of reversible
control of graphene AK-ribbons was not here realised, this novel graphene erosion

process motivates further study.

5.4 Conclusions

We reported on the first known successful reversal of auto-kirigami ribbons by
manipulation with an AFM tip, though incomplete healing of the graphene sheet after
reversal appears to impair our ability to repeatedly cycle ribbon growth and reversal.
While progress has been demonstrated, control of auto-kirigami ribbons nonetheless
proves highly challenging, with alternative methods such as functionalisation of

graphene by spiropyran for example still to be explored.

Efforts to induce reversal of graphene auto-kirigami by incorporating the ribbon into a
capacitor with anticipated reversal as a result of minimisation of energy state capacitor
model failed. This however resulted in the fortuitous observation of a novel
phenomenon whereby an area of tens of square micrometres of graphene was
apparently selectively eroded by oxidization from flake edges (both interior and
exterior). This rate of change of area of the erosion process was shown to have a strong

dependence on the electrical signal’s frequency and graphene layer number.

162



Chapter 6: Conclusions and future work

6.1 Conclusions

In Chapter 2, we performed time-resolved studies of stripe formation on pristine
mechanically exfoliated surfaces by AFM and studied how stripes and their
characteristic friction domains evolve with time. The influence of surface features such
as wrinkles, steps, indents and ribbons on stripe friction domains was studied to gain
further insight into how stripes self-assemble on graphene surfaces. We further
demonstrated that stripes are present not only on graphene surfaces but at graphene-
graphene interfaces in ribbons, at buried graphene-graphene interfaces in graphitic
flakes and at graphene-substrate interfaces, suggesting a stripe intercalation
mechanism active at these interfaces and highlighting the ubiquity of this contaminant

material.

We reviewed methods of auto-kirigami nucleation by AFM scratching in Chapter 3,
which were found to be unreliable, of very low throughput and to offer little control of
the resulting ribbons. In contrast, we developed a new method of auto-kirigami
nucleation which can be performed using only a standard AFM, consisting of AFM based
indentation and subsequent very high-setpoint tapping mode imaging (hard tapping).
This method can produce yields comparable to small amplitude sheared indentation
nucleation while eliminating the stringent requirement of lateral shear to induce auto-
kirigami. As graphene rupture is necessary for auto-kirigami nucleation, factors

affecting rupture of graphene during 2D indentation were also explored.

In Chapter 4 we expanded the applicability of auto-kirigami nucleation from only
mechanically exfoliated graphene to CVD 2D materials, with successful ribbon
nucleation and growth observed on CVD graphene samples. Residual PMMA was
identified as a major impediment to both nucleation and growth, with methods to
remove PMMA from CVD materials explored including thermal annealing, catalytic

cleaning, exposure to oxygen plasma and mechanical AFM micro-cleaning.
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In Chapter 5, we explored methods to control ribbons for potential application in NEMS
devices, with successful ribbon reversal and growth induced. A novel phenomenon
whereby graphene can become eroded by application of an electrical signal with strong

frequency dependence on rate of erosion was also reported.

The above represents significant contributions to the field of graphene auto-kirigami

across three broad directions: fundamentals, development and applications.

In fundamentals, we studied graphene rupture as a precursor to nucleation during 2D
indentation, as well as in exploring alternative methods of nucleation; and graphene
superlubricity in ribbons necessary to enable sliding and folding during auto-kirigami

self-assembly.

Our first successful demonstration of auto-kirigami in 100+ layers of graphene as well
as in CVD-synthesised 2D materials expands auto-kirigami from a phenomenon
inherently limited by the dimensions and low yield of mechanically exfoliated graphene,
the only material upon which it had previously been observed, to a much wider range

of 2D materials, facilitating further developments in this field.

We also demonstrated proof-of-concept of graphene ribbons with applications as
nanoelectromechanical devices by inducing cyclic reversal and growth of graphene

ribbons with mechanical manipulation.

Furthermore, we demonstrated how contaminants impact in various ways upon each
of these directions, with the observation of stripe adsorbates which are ubiquitously
present on all graphene surfaces exposed to ambient conditions; evaluation of
superlubricity in graphene ribbon growth which is not destroyed by the presence of
stripes; and ribbon nucleation in CVD materials impaired by the presence of PMMA. In
total, this represents the most comprehensive assessment and study of graphene auto-

kirigami to date.
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6.2 Future work

Firstly, we here present two curious experimental results encountered in this work

which we have not included in the main text as they require further fundamental study.

Fig. 6.1 (a) shows a sample linear array of 8 indents with 4 um spacing on monolayer
graphene (with circles of different colours inset in centre of indents corresponding to
individual curves in (b) and (c)). These indents were performed with the same Berkovich
tip used throughout section 3.3 to loads of 10 mN with a strain rate of 0.02 s, lateral
oscillations of 3 nm amplitude at a frequency of 129 Hz. In (b), the characteristic sudden
increase in lateral contact stiffness at =7-13 nm broadly agrees with our earlier
discussion in section 3.3. However, closer examination of the rupture points in (c)
(zoom-in to orange dash highlighted section in (b)) shows a “grouping” of the rupture
points of certain curves. These groupings are, from left to right in terms of increasing

rupture depth, of indent 4 at 6.7 nm depth; indents 1, 3 and 5 at 8.7 nm depth; indents
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Fig. 6.1: “Grouping” of rupture points in monolayer mechanically exfoliated graphene. (a) A

sample array of 8 indents to 10 mN load, with indents labelled with respect to lateral contact

stiffness/depth data in (b) and (c). The characteristic graphene rupture point is observed in

lateral contact stiffness data in (b). Examination of data around the rupture point in (c) (orange

dashed area in (b)) shows a regular spacing of rupture points and grouping of individual curves.
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6 and 8 at 10.8 nm depth and indents 2 and 7 at 12.8 nm depth. Even where lesser peaks
in contact stiffness occur prior to the rupture signal as in indents 2 and 5 such that the
near vertical contact stiffness increase occurs from a higher initial value of contact
stiffness than other indents in their respective groups, the vertical portions of indents
within a particular group nonetheless align with variation in depth of less than 0.3 nm
at an arbitrary contact stiffness. We also note the highly regular 2.0-2.1 nm spacing
between each group. 8 other arrays of indents (with median 7.5 indents per array) were
applied over the same 3 day period as the data depicted in Fig. 6.1 on separate graphene
flakes of 1-4 layer thickness (with all flakes exfoliated on the same day and stored
together), this grouping effect was observed in 6 of 8, with 20-57% of indents within a
particular array grouped. Grouping also does not appear to correspond to position or

order of indents on the flake or within the array.

For these indents, we have also verified that regular spacing is not due to incorrect
assignment of the contact point. In this load-controlled method, the contact point is
primarily assigned when one of two criteria is first met: where the change in vertical
dynamic phase exceeds a specified amount or where the vertical dynamic displacement
becomes less than the dynamic noise level. The vertical phase and displacement data
for all indents in this data set align very well in the few nanometres before contact, with

no evidence of spacing arising from a systematic discrepancy in this assignment.

While this appears to strongly suggest an underlying physical phenomenon, we as of yet
cannot provide a physical description of this grouping or definitively rule out the

influence of an indenter-system effect rather than physical effect.

Although ribbon length and shape have varied moderately throughout the examples
presented throughout this work, the ribbons presented have shown the characteristic
features of straight tear edges and inward tapering to a final fold width dependent on
layer thickness, but often of 200-300 nm width and to few micrometre lengths if ribbon
growth is not impeded. However, in a very small proportion of ribbons (< 1%), these

features are not observed as in Fig. 6.2.
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Fig. 6.2 (a) shows a ribbon in which no inward tapering is observed. With a constantly
increasing fold width with growth, the interfacial force scaling with ribbon area appears
to readily overcome fold strain in this instance, with ribbon growth only ceasing when
the ribbon head encounters the flake/substrate edge, where friction becomes too great
for growth to continue. In (b) and (c), the ribbons initially taper inwards as expected,
but upon reaching a width similar to the expected final width of a typical ribbon in that
layer number on graphene, the ribbons then begin to widen. As in (a), growth of these
ribbons ceases only when the ribbon head encounters the flake edge. In (d), the ribbon
initially tapers inwards over a length of 2 um (from indent to position 1), widens
gradually over =8 um length (from | to Il), tapers inwards again over =8 um length (Il to
1) before both ribbon tear edges grow near parallel to one another over =15 um (lll to
IV). These ribbons are all significantly longer than typical, with lengths of up to =35 um

in (d) for example.

We emphasise that these ribbons represent an extremely small proportion of all ribbons
observed in this research. These anomalous ribbons do not appear randomly distributed
across all graphene flakes studied, but instead multiple anomalous ribbons may be

observed on a single graphene flake, and none on many other graphene flakes. Even on

Fig. 6.2: Rare, anomalous ribbon growth in graphene. Samples of ribbon growth in which
inward tapering along straight tears does not occur. In a monolayer graphene flake in (a), a
ribbon widens throughout growth rather than tapering inwards. (b) and (c), on the same bilayer
graphene flake, shows ribbons initially tapering inwards to typical final widths as expected,
before continuing to grow and indeed widen. The ribbon in 4-layer graphene in (d) tapers
inwards from its initial width to point I, widens to Il, narrows again to Il and grows with no
apparent tapering or widening to IV. Total linear z-scale: 4 nm in (a) and (c), 3 nm in (b) and (d).
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such samples, ribbons of typical shape and length are still more common than the

anomalous ribbons.

Furthermore, we note that all ribbons with such anomalous growth were nucleated on
especially large graphene flakes (>100 um lateral dimensions). We speculate that such
large flakes may not adhere uniformly to the substrate across their >10,000 um? areas,
resulting in varying graphene-substrate adhesion and therefore modifying the
interfacial driving force per discussion in section 1.6. However, we have not yet
obtained direct experimental evidence of this claim. Nonetheless, such ribbons are of
keen interest as they may provide insight into methods of producing ribbons of much

greater dimensions for example.

There are a number of further avenues to explore with respect to the research
presented above. We have previously discussed planned application of AFM micro-
cleaning to a wider range of CVD materials in order to increase ribbon yield in section
4.3, as well as proposed UV control of ribbons by functionalisation of the graphene

surface with spiropyrans for example in section 5.2.

In Chapter 2, we clearly demonstrated that stripe adsorbate material is present not only
on graphene surfaces but also within graphene-substrate and graphene-graphene
interfaces, including buried graphene-graphene interfaces in 100+ layer graphite. We
proposed that the hydrocarbons comprising stripes must intercalate between graphene
and substrate as well as between graphene layers. AFM imaging to examine possible
intermediate conditions of stripe intercalation could provide further insight into this
proposed mechanism. These interfaces could be revealed by ribbon nucleation, per
schematic in Fig. 6.3. At time to, an array of regularly spaced indents (columns here)
would be performed on graphene or graphite, with some number of ribbons nucleated
as a result. Similar arrays would be performed over regular time intervals (t1, t2 etc),
with resulting ribbons imaged immediately after nucleation. Assuming that
intercalation occurs as proposed, one might expect that initially no stripes would be
observed on the nucleated ribbons which reveal the former substrate-graphene or
graphene-graphene interface. As stripe hydrocarbons intercalate from flake edges and
migrate inwards from the flake edge, stripes may be observed from ribbons nucleated
from indents 1 and 5 only att1, at 1, 2, 4 and 5 at t; and at all locations 1-5 at ts. In Fig.
168



6.3, we select an elongated rectangular shape to minimise migration of adsorbate
material from the shorter edges of the flake to the indent locations, with migration from

the long edges only to be tested here.
t0 t1 t2 t3
1 A A A A

2 A A A A

3 A A A A

4 A A A A

5 A A A A

Fig. 6.3: Schematic of experiment testing intercalation of stripe

adsorbates.
In Chapter 4 we implemented various methods for removal of PMMA residue from CVD
materials. Catalytic cleaning with platinum as described by Longchamp et al.??6 remains
highly attractive as it promises near-complete removal of PMMA with minimal damage
to CVD materials as annealing can be performed at relatively moderate temperatures.
We attribute the relative lack of success of this method (with a platinum layer
sandwiched between CVD material and substrate) to SiO; residue preventing intimate
contact between CVD graphene and the thin platinum layer. However, evaporating
platinum onto a micropatterned surface rather than a flat silicon substrate which is then
brought into contact with CVD graphene may negate this issue of substrate residue

impairing contact.

All ribbon nucleation in this research was performed under ambient conditions with
uncontrolled humidity and temperature. However, the edge structures produced by
graphene undergoing tearing are known to be influenced by environment, with
sensitivity to presence of oxygen for example!®. Procurement is currently undergoing
for acquisition of an environmental chamber which will allow for rigorous testing of the
influence of gaseous species on ribbon nucleation, with capability of temperature

control up to =60 °C, humidity control and control of gas species present at the crack

tip.
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